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sumcARy 


'nils  Final  Report  sumnarlzes  the  technical  effort  for  contract 
"Process  Simulation  and  Modeling  for  Advanced  Intermetallic 
Alloys"  undertedcen  under  N00014-89~J-3166(R&T  Project  Number:  DU 
89005)  at  Clemson  University  with  H.  J.  Rack,  Professor  of 
Mechanical  Engineering  and  Metallurgy  acting  as  Principal 
Investigator.  The  report  contains  two  major  parts.  Phase 
Stability (Part  1)  and  High  Temperature  Deformation 
Processing (Part  2). 

Part  1  contains  nine (9)  papers  describing  the  high  temperature 
phase  stability  of  Ti-Al-Nb  and  Ti-Al-V  intermetallic  alloys, 
primary  attention  being  focused  on  the  temperature  regimes 
normally  associated  with  deformation  processing.  This  effort  has 
demonstrated  that  interstitial  or  B  stabilizing  additions 
drastically  alter  the  elevated  temperature  phase  equilibria 
observed  in  these  systems.  Further,  the  presence  of  equilibrium 
6  has  been  shown  to  be  prevalent  throughout  the  noimal  range  of 
compositions  being  considered  for  commercial  application. 

Finally,  the  potential  for  synthesizing  a  stable  -i*  y  titanium 
intermetallic  alloys  has  been  examined. 

Part  2  contains  three (3)  papers  which  demonstrate  the  utility  of 
combining  phase  equilibria  studies  with  Dynamic  Material  Modeling 
to  simulate  and  model  the  high  temperature  deformation  processing 
response  of  a  +  B  and  +  B  titanium  alloys. 
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Mat ' 1  Sci.  Eng. 
Vol.  A152,  37(1992) 


IFPICT  or  V  OM  BLIVATBO  TSMPERATURC  PHASE  RELATIONS 
ZN  TZTAMZUM  ALOMZNIDBS  CONTAZNIMO  44  at.  pet.  Al 

Prabir  K.  Chaudhurp,  M.  Long  and  B.  J.  Rack 
OapartoMnt  of  Maehanleal  Bnglnaarlng 
Claaison  Onl varsity «  Clamaon,  SC  29634 

ABSTRACT 

Diffarantlal  scanning  caloriaMtry(D8C) »  comp lanan tad  by  in- 
situ  high  tamparatura  x-ray  dif£raetion(HTXRO) ,  has  baan  utilisad 
to  axamina  phasa  stability  in  V  containing  TiAHLl^)  alloys  ovar 
tha  tamparatura  ranga  298  to  1773  R.  Obsarvations  ttom  alloys 
containing  4,  7  and  15  at.  pet.  V  -  44  at.  pet.  Al  -  bal.  Ti  hava 
shown  that  incraasing  V  contant  rasults  in  tha  stabilisation  of  tha 
bee,  6,  phasa  throughout  tha  invastigatad  tasvaratura  ranga.  Thasa 
additions  of  V  do  not  howavar  influanea  aithar  tha  a  ->  02  -t*  Y 
autactoid  tamparatura  or  tha  stability  of  02  within  tha  a  >  02  fi 
phasa  ragion. 

ZBTRODOCTZOB 

OasBMi  titanium  aluminida,  TiAl(Llg),  dua  to  its  low  dansity, 
axeallant  oxidation  rasistanca  and  good  alavatad  tamparatura 
strangth/modulus,  shows  graat  potantial  for  alavatad  tamparatura 
applieationCl-3] .  Howavar,  its  ambiant  tamparatura  propartias, 
particularly  its  tansila  ductility  and  fracture  toughness  remain 
lowC4].  Navarthalass  improvamants  in  tha  mechanical  propartias  of 
binary  TiAl  alloys  hava  baan  achieved,  a  ductility  of  2.7%  having 
baan  attained  by  minimising  Al  contant  in  tha  y  phasa[4,5], 
limiting  oxygen  contant  to  370  ppmC6]  and  introducing  a  small 
gtwntity  of  a  second  phase,  02^^'^^*  However  continued  interest 
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r«naixui  in  aehi«ving  further  •ohancements  in  th«  ambient 
teaqpecature  properties  of  TlAl  based  alloys,  particularly  if  this 
Isvrovement  could  be  accosiplished  without  unduly  sacrificing  the 
alloys  elevated  temperature  performance.  Moteable  have  been 
attempts  to  Introduce  controlled  quantities  of  the  ductile  B  phase, 
in  a  SMUiner  analagous  to  ei^  (Ti|Al)  alloys,  and  to  more  closely 
control  the  02  T  TiAl  alloy  siicrostructure  through  appropriate 
thersKMaechanieal  treatment[4] .  The  ultimate  success  of  either  of 
these  approaches  will  however  require  a  more  detailed  knowledge  of 
elevated  temperature  phase  eqtiilibria  in  complex  Ti-Al'X  alloy 
systems.  The  current  study  therefore  has  considered  the  effects  of 
V,  a  known  B  isomorphous  stabilising  element,  on  phase  stability  in 
a  44  at.  pet  (012  *  T)  alloy,  the  latter  representing  a  two- 
phase  02  Y  olloy. 

nPBRIMXaTAL  PROCXDDRX 

The  chemical  cosvositions  of  the  triple  vacuum  melted  alloys 
utilised  in  this  investigation  are  tabulated  in  Table  1. 
Differential  scanning  calorimetry,  using  a  Stanton 
Redf em/Omnitherm  DSC  1500  thermal  analysis  system,  was  the  primary 
experimental  tool  for  this  investigation.  Modification  of  the 
instrument  was  necessary  to  ensure  that  the  heating/ cooling 
experistents  were  unaffected  by  the  test  environment.  As  depicted 
schematically  in  Fig.  1,  this  involved  replacement  of  the  original 
atSKisphere  control  system  with  a  seamless  stainless  delivery 
system,  incorporation  of  a  titanium  guttering  furnace  and  placement 
of  an  in-situ  titanium  getter  in  the  hot  zone  of  the  furnace.  The 
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purity  of  tho  rueonflgurod  system  was  established  by  repeated 
heating/ cooling  of  a  high  purity  a>Ti  sample,  the  lack  of  change  in 
the  fi  transus  tmnperature  being  taken  as  evidence  of  the  system's 
ability  to  maintain  atmosphere  control. 

DSC  samples,  weighing  between  50  and  110  mg,  were  cut  from  the 
cast  alloys  with  a  rotating  diamond  blade,  and  washed  with 
acetone/alcohol.  Phase  transformation  temperatures  utilizing  the 
BMdified  DSC  apparatus  were  determined  from  973  to  1748  K  with 
duplicate  sasqples  during  both  heating  and  cooling  in  a  high  purity 
argon  atmosphere  at  a  rate  of  20K/min.  The  DSC  instrumental 
baseline  was  obtained  using  both  es^ty  pans  and  a  high  purity  AI2O3 
(sapphire)  powder  saiaple,  with  temperature  calibration  being 
performed  with  AI2O3  and  high  purity  Mn  standards[8] . 

High  temperature  x-ray  diffraction  experiments  were  undertaken 
to  complement  the  DSC  experiments.  These  utilized  a  Scintag 
diffractometer  equipped  with  a  high  temperature  furnace/vacuum 
chamber,  which  had  again  been  modified  in  a  manner  similar  to  that 
outlined  above  for  the  DSC  apparatus,  to  introduce  and  maintain  an 
high  purity  inert  argon  gas  atmosphere  at  a  desired  pressure.  The 
high  teaiperature  x-ray  diffraction  sasiples,  having  dioiensions  of  10 
mm  X  25  mm  x  0.25  mm,  were  prepared  by  watering  and  grinding,  with 
final  preparation  involving  removal  of  20  |im  minimum  surface  layer 
by  eheadcal  thinning  in  a  bath  of  10  ml  HHOj  -f  5  ml  HF  50  ml  H2O 
to  eliminate  deformation  layer  due  to  previous  grinding.  Samples 
were  stored  in  a  vacuum  dessicator  after  washing  in  methanol ,  water 
and  ethanol,  and  drying  in  air. 
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Initially*  ambiant  tanparatura  29  scans  from  15  -  90*  wara 
obtained*  tha  sample  than  being  heated  through  a  series  of 
temperatures  from  673  -  1773  K,  diffraction  spectra  being  collected 
at  pre-seleeted  temperatures.  Typically*  three  to  four  samples  of 
each  alloy  were  exasiined,  with  rocking  curves  being  obtained  where 
deemed  necessary  to  verify  the  presence*  or  absence*  of  phases  at 
elevated  temperatures.  It  should  be  noted  however  that  this  X-ray 
diffraction  technique  looses  its  sensitivity  when  volume  fractions 
of  the  phases  being  identified  are  below  approximately  5  percent. 
In  addition,  the  large  grain  sise  of  the  alloys  examined  in  this 
study  precluded  quantitative  phase  detennination.  Following  data 
collection*  the  x-ray  diffraction  spectra  were  analysed  and  the 
peaks  indexed  utilising  an  iterative  computer  program  that  is 
capable  of  fitting  the  observed  data  to  given  cell  structures  using 
a  least  squares  procedure. 

RB80I.TS 

The  results  of  the  DSC  observations  are  shown  in  Figs.  2  thru 
4.  On  heating,  Ti-44A1-4V  exhibited  three  distinct  trans- 
forxMtions*  Fig.  2(a),  however*  only  two  transformations  were  noted 
on  cooling*  Fig.  2(b).  Increasing  V  content  also  tended  to  blur 
the  distinction  between  the  two  lower  temperature  trans-formations 
observed  in  Ti-44Al-4V*  compare  Figs.  3(a)  and  4(a)  with  Fig.  2(a)* 
while  the  presence  of  the  two  cooling  transformations  was 
replicated  in  Ti-44Al-7V  and  Ti-44Al-15V*  Figures  3(b)  and  4(b). 
Finally*  the  DSC  results  obtained  upon  heating  Ti-44Al-15V 
suggested  the  presence  of  a  transformation  initiating  below  1250  K, 
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this  transforiMtion  not  being  observed  in  either  Ti-44A1-4V  or  Ti- 
44A1-7V. 

Typical  x-ray  diffraction  data  obtained  for  Ti-44Al-15V  are 
presented  in  Fig.  5.  These  data  show  that  Ti-44Al-15V  was  two 
phase(fi  4  y)  from  298  to  1198  R.  At  higher  temperatures  a2(DO^)) 
formation  occurred  and  Ti-44Al-lSV  became  three  phase,  02  ^  T* 

Ultimately  above  1358  R  the  y  phase  disappeared,  above  1548  R  the 
02  phase  disordered  to  o  phase,  and  finally,  above  1673  R, 
Ti-44Al-15V  was  single  phase  8. 

Similar  elevated  temperature  phase  transitions  involving 
tramsfonaation  from  a  three  phase  02  4  s  y  to  a  three  phase 
o  02  T  Alloy,  disappearance  of  the  ordered  02  phase,  and  finally 
transformation  to  a  single  phase  B  alloy  were  observed  in  Ti-44A1- 
4V  and  Ti-44A1-7V.  However,  neither  of  these  alloys  exhibited  the 
fi’*-Ytoo2'*'fi  +  y  transition  observed  in  Ti-44Al-15V,  both  were 
three  phase  02  B  y  at  298  R,  although  the  quantity  of  fi  in 
Ti-44A1-4V  was  low,  approaching  the  resolution  of  the  diffraction 
techniques . 

DI8C088XOH 

The  coanbined  observations  of  the  differential  scanning 
oalorixMtry  and  in-situ  high  tenperature  x-ray  diffraction 
experiaaents  can  be  utilised  to  establish  the  range  of  phase 
stability  for  the  Ti-44Al-xV  alloys  exauained.  Ambient  temperature 
X-ray  analysis  indicates  that  increasing  V  content  leads  to  a 
decrease  in  02  stability  and  increased  stabilisation  of  the  bcc.  B, 
and  y  phases.  For  example,  detection  of  the  B  phase  was  difficult 
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in  Ti-44A1-4V,  suggesting  that  this  alloy  contained  a  maximum  of  5 
voluBM  percent  0,  ej  T  being  the  predoodnant  phases  present  at 
asdbient  temperatures,  while  was  absent  in  Ti-44  M*15  V,  a  two 
phase  0  Y  alloy  at  ambient  tmnperatures. 

Table  2  lists  the  tesqperatures  for  the  a  0  ->  0  transus  as 
determined  from  the  DSC  experiments,  the  0  transus  temperature  for 
binary  Ti-44A1[9]  also  being  included  for  comparison.  These 
results  indicate  that  an  approximate  35K  difference  in  0  transus 
teo^erature  was  observed  when  determined  by  DSC  heating  and  cooling 
experiments.  Prior  studiesCiO]  of  0  transus  determination  in  Ti- 
6A1'-4V  utilising  both  DSC  and  metal lographic  methods  suggest  that 
this  difference  is  due  to  the  initial  sluggishness  of  the  B  ->  a  * 
0  reaction  on  cooling  and  that  the  0  transus  as  determined  during 
heating  gives  a  more  accurate  0  transus  temperature, 
notwithstanding  this  difference,  the  DSC  results  do  indicate  that 
increasing  V  content  results  in  a  decrease  in  the  0  transus 
temperature . 

In  contrast,  the  a  ->  02  >  y  eutectoid  temperatures  were,  as 
detensined  through  either  DSC  heating  or  cooling  experiments, 
within  experimental  acciuracy,  identical.  Table  3.  Cosq^arison  with 
the  eutectoid  temperature  reported  for  Ti*44A.l[9] ,  indicates  that 
the  addition  of  V,  at  least  within  the  range  investigated,  has  a 
negligible  effect  on  the  a  ->  02  T  eutectoid  temperature.  This 
lack  of  sensitivity  to  V  content  is  apparently  associated  with 
extensive  partitioning  of  V  to  the  0  phase,  the  latter  phase  not 
participating  in  the  invariant  eutectoid  reaction. 
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Th«  •xt«nt  and  Importanea  of  this  partitioning  was  rainf oread  by 
in-situ  x-ray  obsarvations  which  showad  that  02  stability,  as 
eharaotarisad  by  tha  tamparatura  for  conplation  ofa*t>ot2'«’8->a 
■f  fi  transfonsation,  was  ralativaly  unaffactad  by  tha  ranga  of  V 
additions  eonsidarad  in  this  invastigation,  Tabla  4. 

Basad  on  tha  eoadllnad  DSC  and  x-ray  rasults,  it  is  possibla  to 
daseriba  tha  phasa  transformations  axpactad  in  Ti-44Al-xV  alloys 
during  haating/eooling: 


Ti-44Jkl-4V: 


1373  1540  1711 


T1-44A1-7V: 


1378  1538  1676 

a248*T  ••  «i+«+8  ••  «+8  *•  8 


Ti-44Al-15V: 


1198  1358  1538  1643 

fl  ♦  Y  -•  a2*8+Y  *•  a2**'*’®  ■*  ^ 


whara  tha  V  anriehad  8  phasa  doas  not  participata  in  tha 
02  y  *>  a  autaetoid  raaetion. 

Finally,  a  comparison  of  tha  prasant  rasults  with  currant ly 
availabla  Ti-Al-V  tamary  isothanss  at  1073  and  1273  KCll]  shows 
that  whila  tha  phasa  aquilibria  obsarwad  in  Ti-44Al-7V  agraas  with 
both  isotharms,  diffarancas  axist  for  tha  othar  two  alloys.  Tha 
prior  isotharms  indicata  Ti-44Al-4V  to  ba  02-(-y  and  Ti-44Al-15V  to 
ba  S-^y  St  both  1073  and  1273  K.  Howavar,  tha  prasant  rasults  show 
that  Ti-44A1-4V  is  a  thraa  phasa  a2-*’0-*'y  alloy  at  1048  K  and  remains 
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in  th«  thra^^phas*  fiald  wall  abova  1273  K.  Zn  contrast,  Ti-44A1' 
15V,  was  obsarvad  to  ba  in  tha  phasa  fiald  at  1073  K, 

transforming  to  a  nlloy  abova  1200  K. 

CX»CL08I0a8 

1.  Tha  addition  of  V  to  ^2  T  Ti>44Al  rasults  in 

(a)  an  ineraasa  in  tha  ambiant  tamparatura  stability  of 
tha  8  and  y  phasas,  and 
(b)  a  dacraasa  in  tha  8  transus  tmnparatura. 

2.  V  additions,  in  contrast,  hava  a  nagligibla  affact  on 

(a)  tha  a  ->  ft]  T  autactoid  transformation  tamparatura,  or 

(b)  tha  alavatad  t«nparatura  stability  of  within  tha 
a  4  02  -t-  T  phasa  fiald. 
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_ Bl— nts  (wt.%) _ 

Al  V  r«  O  H  Ti 


T1-44A1-4V 

30.5 

5.03 

0.091 

0.076 

0.004 

Bal. 

E9B5B9 

30.55 

8.92 

0.095 

0.067 

0.006 

B«1 . 

Ti-44Jkl-15V 

30.45 

19.8 

0.120 

0.056 

0.012 

Bal. 
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TaALl  2:  fi-Trmiuius  TampcraturM  of  Ti-Al-V  Ml 07s 


Mloy 

T«aporaturo(K)  I 

Hoatina 

Cooling  | 

Ti-44A1 

1730  1 

Ti-44A1-4V 

1711 

1680 

T1-44A1-7V 

1676 

1641 

Ti-44Al-15V 

1643 

1603 

TABLE  3:  Iut«etoid  TMip«raturM  of  Ti-Al-V  Alloys 
Alloy _ Tosiporatttro(K) 


Boating _ _ Cooling 


Ti-44A1 

1390 

T1-44A1-4V 

X373 

1383 

Ti-44A1-7V 

1378 

1373 

Ti-44Al-15V 

1358 

1376 
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TABLE  4:  <12  Stability  Taoqpcratur* 


Alloy 

T«iiV«ratura(K) 

Ti-44Al-4V 

1540 

Ti-44A1-7V 

1538 

Ti-44Al-X5V 

1538 
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LZ8T  or  PIOOlUES 

Figur*  I.  8eh«nuitlc  diagram  of  Inart  atmosphara  diffarantial 

scanning  oalorimatar(D8C) . 

Plgura  2.  08C  eurva  for  Tl'-44Al~4V  at  haating  rata  of  20K/min. 

Figura  3.  DSC  curva  for  Ti'*44Al'7V  at  haating  rata  of  20K/iain. 

Figura  4.  DSC  eurva  for  Ti-44Al-15V  at  haating  rata  of  20K/min. 

Figura  5.  Typical  X*ray  diffraction  data  obtained  from  Ti-44Al-15V. 
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Figure  1.  Schematic  diagram  of  inert  atmosphere  differential 


scanning  calorimeter(DSC) . 


HEATING 


770  840  910 


980  1030  1120  1190  1260  1330  1400 


Temp  (Deg  C) 


Figure  3.  DSC  curve  for  Ti-44A1-7V  at  heating  rate  of  20K/min 


Figure  4.  DSC  curve  for  Ti-44Al-15V  at  heating  rate  of  20K/min. 


Figure  5.  Typical  X-ray  diffraction  data  obtained  from  Ti-44Al-15V, 
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Ti-Al-V  TERNARY  PHASE  STABILITY  AT  ELEVATED  TEMPERATURES 


Prabir  IC  Chaudhury  and  H.  J.  Rack 
Department  of  Mechanical  Engineering 
Gemson  University,  Clemson,  SC  29634 


Introduction 


Ternary  addidoos  of  the  beta  isomoiphous  elements,  Nb,  V,  Mo  and  Ta,  have  long  been  known  to  improve  thy 
ambient  tnnparatute  ductiUty  and  firacture  toughness  of  (xi  (^3 Al)  and  y  (TiAl)  intermetallic  alloys  [1*4].  In  the  formail 
the  increase  has  been  related  to  the  stabilizadon  of  the  duc^e  3  phase,  while  the  latter  enhancement  has  been  related  to 
changes  in  tetragonality,  unit  cell  volume,  twin  densiQ^  and/or  electronic  structure.  Control  of  the  mechanical  properties 
of  ternary  and  more  complex  a2(Ti3  Al)  and  ^(Ti  Al)  intermetallic  alloys  will  require  optimization  of  their  prior 
thermomechanical  history.  Such  control  can  be  achieved  through  a  knowledge  of  relevant  high  temperature  phase 
equilibria;  establishrxtent  of  appropriate  phase  equilibria  in  the  TUAl-Nb  ternary  system  continues  to  be  the  subject 

of  an  extensive  investigation  at  the  University  ^  Wisconsin  [S].  4 

The  earliest  study  the  Ti-Al-V  system  is  diat  reported  by  Raman  [6],  who  presented  an  isotherm  at  1373  KJ 
Hashimoto  et  al  [7]  extended  this  study  to  lower  teinperatures,  i.e.,  1073  and  1273  K.  Neither  investigation,  however  J 
considered  aUoys  (to  would  be  expect^  to  fall  within  the  02 + field.  In  addition,  nei±er  rep<»^  the  interstitiafl 
ctntent  (O  N  *«-  Q  of  their  aUoys,  thereby  neglecting  the  important  influence  that  interstutials  may  have  in  Ti-Al-^ 
elevated  temerature  phase  stability.  FinaUy  tlwse  snipes  utilized  samples  that  had  been  quenched  fiom  elevanS 
ten^erature,  subsequent  phase  detennination  involving  room  temperature  x*ray  analysis.  IMs  procedure  may  yieltd 
spurious  results;  for  example,  Blackburn  [8]  has  shown  that  the  a  a2  transformation  cannot  be  suppressed  at  dflute  As 
compositions.  In  additkm,  quenching  can  result  in  complex  phase  transformations;  for  example,  quenching  Ti-Al-Nn 
alloys  from  the  ^  phase  field  may  le^  to  formation  of  02,  Po>  an  ordered  bcc  structure,  to  or  O,  an  orthorombic  phasel 
[9-161.  J 

Accordingly,  this  communication  presents  the  meliminary  results  of  a  re-examination  of  the  Ti-Al-V  systemJ 
emphasizing  alloys  intiieoc2+y,a2  +  P,  ^  -i- Yanda2  p  -t-yphase  fields.  The  principal  experimental  procedure  utilizetl 
was  in-situ  high  temperature  x-ray  dif^tion  (HDCRD).  I 

Experimental  Procedures  i| 

The  chemical  compositions  (in  wl%)  of  the  five  Tl-Al-V  alloys  prepared  by  TIMET,  Inc.,  Henderson,  Nevadal 
are  presented  in  Table  l.Ttese  alloys  were  received  as  IS  kg.  triple  vacuum  meltedingots.  Thin  slices  for  high  temperaturJ 
x-ray  difEraction  were  removed  from  these  ingots  by  wafering,  grinding  and  chentical  thintung  in  a  solution  of  10  ml 
HNO3  -t-  S  ml  HF  +  SO  ml  H2O  to  a  final  dimension  of  10  nun  x  2S  mm  x  0.2  mm.  The  HTXRD  specimens  were  thM 
washed  in  methanoL  water  and  ethanol,  and  dried.  j 


Duplicate  x-ray  diffiaction  patterns  were  obtained  utilizing  Cu  Ka  radiation  with  a  high  temperature  vacuum/inerl 
atOK^here  chamber  having  a  dual  resistance  heating  arrangement,  i.e.,  Ta  scrip  and  shell  heaters.  To  ensure  an  oxygeil 
flee  inert  atmo^here,  the  chamber  was  repeatedly  evacuat^  and  flushed  with  gettered  argon  gas,  with,  in  addition,  pun 
H  gettering  coils  being  placed  between  the  shell  and  the  strip  heaters  for  in-sim  oxygen  removal.  Specimens  were  heatll 
at  40  K/niin,  to  1073, 1273  and  1373  K,  either  in  SO  to  100  K  increments,  allowing  5-10  min.  at  every  temperature,  o 
duectly  to  the  desired  temperatiue.  Temperatures  were  monitored  by  a  c-type  thermocouple  attached  to  the  specimen 
and  maintained  within  ±  O.S  K  using  a  microcontroller. 
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The  x-ray  diffiacdon  data  collected  were  analyzed  and  peaks  indexed  utilizing  a  computer  program  that  lit  th. 
observed  29  an^es,  calculating,  by  a  least  square  fit,  appropriate  latnce  parameters  through  successive  approximadon. 

Results  And  Discussion 

• 

Typical  x-ray  difftacdon  patterns  of  VS  at  1073  and  1273  K  are  shown  in  Figures  1  and  2.  Due  to  the  l^e 
size  in  the  cast  matenal  it  was  not  possible  to  observe  all  diffiracdng  planes  for  each  of  the  phases,  and  the  peak  intensides 
do  not,  therefore,  represent  those  expected  dom  a  randomly  oriented  polycrystalline  specimen.  The  dif^cdon  patterns 
shown  were  obtained  immediately  after  attaining  thermal  equilibrium.  Figures  1  a  and  2a,  following  a  one  hour  isothermal 
hdd.  Figures  lb  and  2b,  and  fintdly,  following  two  hours  at  temperature.  Figures  Ic  and  2c.  These  results,  which  were 
^  repUimt^  by  gU  alloys  examined,  indicate  that  no  change  in  phase  idendty,  only  peak  intensides  changes  due  to  grain 
growdi  and/m  le-orientadon,  was  occasioned  by  prolonged  exposure  at  these  elevated  temperatures.  This  confirms  that, 
at  least  for  the  Ti-Al-V  system,  thermodynamic  equilibria  can  be  achieved  udlimg  the  current  experimental  procedures. 

Phase  identification  at  1073, 1273  and  1373  K  for  all  alloys  is  summarized  in  Table  2.  Ternary  isotherms  at  1073. 
1273  and  1373  K  have  been  drawn  based  on  these  results  and  incorporating  those  of  Hashimoto  et  al  [7],  Figims  3a  and 
^  3b,  and  Raman  [6],  Figure  3c.  While  the  majority  of  the  results  are  consistent  with  these  prior  invesdgadons,  some 

differences  in  phase  boundary  locadon  do  exist  For  example.  Figures  3a  and  b  indicate  that  the  a2  + 13  +  yphase-field  at 
1073  and  1273  K  exist  to  lower  V  contents  4  at  pet  versus  7  at  pet  as  originally  reported  by  Hashimoto  et  al  [7]. 
FurdMimore,  examinadon  of  the  three  isotherms  suggests  that  both  the  P  and  y  phase  fields  expand  with  increasing 
temperature,  and  that  the  extent  of  the  a2  +  P  +  Y  thiM-phase  field  inidally  increases  with  increasing  temperature  from 
^  1073  m  1273  K,  then  contracts  at  higher  ten^ratuies,  1373  KL 

Summary  and  Conclusion 


allc 

the 


This  study  has  shown  that  high  temperature  x-ray  dif&acdon  can  be  utilized  to  establish  phase  equilibria  in  Ti- Al-  V 
'S.  The  results  indicate  that  the  ternary  a2  ^  Y  phase  field  may  be  wider  than  previously  recognized,  while  both 
\  and  Yphase  fields  expand  with  increasing  temperWe. 
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TABLE  1.  Chemical  composition  of  the  Ti-Al-V  alloys. 


Elements  (wt.% 


A1 


20.4 


27.95 


30.5 


30.55 


30.45 


11.6 


5.11 


5.03 


8.92 


19.8 


Fe 

0 

N 

Ti 

0.135 

0.063 

0.008 

BaL 

0.093 

0.085 

0.004 

Bal 

0.091 

0.076 

0.004 

Bal. 

0.095 

0.067 

0.006 

BaL 

0.120 

0.056 

0.012 

Bal 

TABLE  2:  Equilibrium  phase  consdtuents  at  1073, 1273  and  1373  K. 


Alloy 

Composition 

aL%Ti-Al-V 

1073  K 

1273  K 

1373  K 

V4 

59-32-9 

a2+p 

02  +  3 

02  +  3 

V5 

57-39-4 

02  +  3  +  7 

02  +  3  +  7 

02  +  3+7 

V6 

52-44-4 

02+3  +  7 

02  +  3  +  7 

02  +  3  +  7 

V7 

49-44-7 

02  +  3  +  7 

02  +  3  +  7 

02  +  3  +  7 

V8 

41-44-15 

3  +  7 

02  +  3  +  7 

02  +  3  +  7 

1 - - - "  -  —  —  —  —  ■■ 

4go  gJ  VS  /  sTAaxLmr  /  iots  k 


Figure  1.  High  temperature  x-ray  diffiraction  patterns  for  V5  alloy  immediately  after  thermal  equilibrium,  after  one 
hour  and  after  two  hours  at  1073  K. 
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Abstract 

The  elevated  temperature  phase  stability  of  investment  cast  and  HIP’ed  near-gamma  Ti-48A1- 
2Nb-2Mn  containing  0,  0.5,  1,  2  and  7  voL%  TiBj  has  been  investigated  utilizing  in-situ  high 
temperature  x-ray  and  thermal  analysis.  These  studies  have  shown  that  the  following  reversible 
solid  state  phase  transformations  occur 

otj  +  Y — >  a  +  Y — ^  a  +  P  +  y — >  P  +  Y 

It  is  proposed  that  these  reactions  involve  a  low  temperature  eutectoid  transformation,  a^  +  y  — > 
a,  followed  by  P  precipitation  and  y  dissolution,  and  ultimately  a  high  temperature  peritectoid 
reaction,  a  — ►  P  +  Y- 

Changes  in  the  transformation  temperatures  associated  with  each  of  the  proposed  reactions  are 
not  directly  related  to  the  TiBjVolume  fraction,  rather  these  ^pear  to  be  controlled  by  the  total 
interstitial  content  of  each  alloy. 
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Introduction 

Because  of  their  combination  of  low  density  and  high  temperature  properties,  near-y 
titanium  aluminides  are  attractive  candidates  for  i^)plications  in  advanced  turbine  engines  and 
airfirame  designs.  While  ttey  combine  good  oxidation  resistance,  relatively  high  modulus  and 
good  strength  retention  at  high  temperature  [1],  their  low  toughness  and  low  room-temperature 
ductility,  <3.5%,  has  restricted  their  applicability.  Fortunately  recent  investigations  have 
demonstrated  that  significant  gains  in  fractme  toughness  can  be  achieved  thru  use  of  appropriate 
processing  methods  and  heat  treatments.  For  example,  a  fully  lamellar  (Oj+y)  microstructure, 
which  may  be  achieved  thru  heat  treatment  high  in  the  (Oj-Fy)  phase  field,  displays  a  higher 
hraumite  toughness  than  does  an  equiaxed  microstiucture  [1-5]. 

While  thermal  treatments  alone  may  be  utilized  to  promote  the  (Oj+Y)  lamellar 
microstructure,  these  treatments  ate  typically  accompanied  by  an  increase  in  grain  size  and 
therefore  a  further  reduction  in  tensile  ductility  [3.4].  Other  studies  suggest  that  the  formation 
of  the  (Oj-^)  lamellar  microstructure  may  be  en^ced  in  binary  TiAl  thru  the  addition  of  TiBj 
particles  [6].  In  addition,  these  particles  have  the  further  beneficial  effect  of  promoting  a  decrease 
in  oc/y  colony  size  [7]  and  grain  size  [8-11].  When  combined,  i.e.,  a  decreased  colony/grain  size 
and  a  (a2-HY)  lamellar  microstructure,  these  results  suggest  that  TiBj  containing  titanium 
aluminides  may  have  both  enhanced  fracture  U)ughness  and  tensile  ductility  when  compared  to 
unreinforced  alloys. 

Further  advancements  in  utilizing  this  ^proach  to  improve  the  mechanical  properties  of 
near-Y  titanium  aluminides  should  be  possible  once  die  stability  and  performance  of  these 
materials  are  understood.  The  present  investigation  was  therefore  undertaken  to  determine  the 
phase  stability  of  a  prototypical  near-y  alloy,  Ti-48Al-2Nb-2Mn,  containing  various  volume 
fractions  of  titanium  diboride. 


Experimental  Procedures 

'n-48Al-2Nb-2Mn  ingots.  Table  I,  with  0, 0.5,  1,  2  and  7  vol.%  TiBj  were  produced  by 
double  vacuum  arc  remelting  (VAR),  TiBj  being  introduced  via  the  XD™  process  [11]. 
Cylindrical  bars  of  15.875mm  X  203.2  mm  were  then  investment  cast  and  HIP’ed  for  4  hours 
at  1533  K  and  175  MPa,  HIP’ing  being  terminated  by  cooling  to  room  temperature  at  a  rate  less 
than  30  K/min. 

Optical  microscopy  of  these  cast  and  HIP’ed  materials  showed  that  unreinforced  ’n-48Al- 
2Nb-2Mn  had  a  microstructure  consisting  of  (Oj-tY)  lamellar  colonies,  L,  and  equiaxed  gamma 
grains.  G,  Figure  1.  In  contrast,  scanning  electron  microscopy  reveals  that  the  introduction  of 
TiBj  led  to  a  reduction  in  grain  size  and  a  completely  (ocj-fY)  lamellar  microstructure.  Figure  2 
[7*10]. 

Three  HBj  morphologies  were  observed  in  these  materials,  the  diboride  phase  evolving 
from  a  predominantly  lacey  structure  at  0.5  vol.%,  figure  2(a),  to  needles  and  blocky  particles 
at  1  and  2  vol.%,  figures  2^)  and  2(c),  and  finally  to  predominantly  blocky  particles  at  7  vol.%, 
figure  2(d).  A  similar  evolution  of  the  titanium  boride  morphology  has  been  reported  by  others 
[8,12,13],  who  further  confirmed  by  x-ray  diffraction  of  the  extracted  particles  [8]  and  by 
transmission  electron  microscopy  [12,13]  that  all  three  morphologies  are  indeed  TiBj. 
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Table  I 

Alloy  Composition 


ALLOY# 

O2 

(ppm) 

A1 

(at%) 

Nb 

(at%) 

Mn 

(at%) 

TiB/ 

(vol%) 

TARGET 

<800 

48.0 

2.0 

2.0 

- 

NMO 

- 

48.1 

2.0 

1.4 

0 

NM0.5 

539 

47.4 

2.0 

1.7 

0.5 

NMl 

540 

47.0 

1.9 

1.6 

1 

NM2 

560 

47.4 

2.0 

1.6 

2 

NM7 

620 

46.9 

1.8 

1.5 

^  1 

*  Calculated  from  the  analyzed  boron  contents. 


The  high  temperature  stability  of  these  alloys  was  assessed  using  calorimetric  differential 
thermal  analysis  (CDTA)[14]  and  high  temperature  x-ray  diffraction  (HTXRD)[15].  Phase 
transformation  temperatures  were  determined  l^m  calorimetric  observations  between  873  K  and 
1703  K  during  both  heating  and  cooling  at  rates  of  S,  10, 20  and  40  K/min.  The  samples,  having 
been  placed  in  alumina  crucibles,  were  introduced  into  a  Stanton  Redcroft  /  Omnitherm  DSC 
1500  thermal  analysis  system  modified  to  be  run  in  a  flowing  high  purity  (1  ppb)  argon 
atmosphere  [16]. 

In  or^r  to  determine  the  reaction  temperatures  associated  with  each  transformation,  both 
the  beat  flow  J,  normalized  per  unit  mass  (mJ.sec’'.mg'‘),  and  its  first  derivative  with  respect  to 
temperature,  J*=dJ/dT  (mJ.sec  '.mg '^deg*'),  were  recorded.  Transformation  temperatures  were 
determined  from  the  CDTA  thermograms  by  establishing  those  temperatures  where  the  J  and  J’ 
curves  deviated  from  the  baseline,  and  in  the  case  of  overlapping  peaks,  where  the  J’  curve 
exhibited  a  curvature  anomaly. 

Additionally,  high  temierature  x-ray  diffraction  studies  were  undertaken  to  identify  the 
various  phases  present  at  elevated  temperamre.  The  procedure  utilized  a  Scintag  1500 
diffractometer  equipped  with  a  high  temperature/vacuum  chamber  modified  to  introduce  and 
maintain  a  high  purity  inert  argon  gas  atmosphere  at  a  desired  pressure  of  0.60  Pa.  HTXRD 
samples,  having  dimensions  of  8  mm  X  20  mm  X  0.25  mm,  were  prepared  by  wafering  and 
grinding,  with  final  preparation  involving  chemical  removal  of  a  20  pm  minimum  surface  layer 
in  a  bath  of  10  ml  HNO3  5  ml  HF  +  50  ml  HjO,  followed  by  washing  in  ethanol  and  water, 
drying  in  air  and  finally,  storage  in  a  vacuum  dessicator. 

friitially,  ambient  temperature  20-scaits  from  15°  to  85°  were  obtained.  Ihe  sample  was 
then  heated  at  a  rate  of  20K/min,  up  to  1703K  with  diffraction  spectra  being  acquired  at  selected 
temperatures.  Typically,  data  were  recorded  after  a  5-minute  stabilization  period  at  temperature 
with  data  acquisition  lasting  7  minutes.  Four  to  five  samples  of  each  alloy  were  examined,  with 
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rocking  curves  being  obtained  where  deemed  necessary  to  verify  the  presence,  or  absence,  of 
phases  at  elevated  temperatures.  Finally,  following  data  collection,  the  x-ray  diffraction  spectra 
were  analyzed  and  the  peaks  indexed  utilizing  an  iterative  computer  program  capable  of  fitting 
tte  observed  data  to  given  cell  structures  using  a  least  squares  method. 


Results 


Ti-48Al-2Nb-2Mn 

Calorimetric  differential  thermal  analysis.  Figures  3(a)  and  3(b),  showed  that,  independent 
of  heating/cooling  rate,  three  reversible  reactions.  T1  thru  T3,  were  observed  during  heating  and 
cooling  of  unreinforced  Ti-48Al-2Nb-2Mn.  In  addition,  a  fourth  reaction,  T4,  was  observed  on 
heating  and  was  associated  with  melting  of  the  CDTA  sample.  Temperatures  for  the  onset  and 
completion  of  these  reactions  are  summarized  in  Table  n.  X-ray  diffraction  analysis  of  T1-48A1- 
2Nb-2Mn  suggested  that  this  alloy  was  two  phase  (Oj-f^)  at  room  temperature.  Figure  4(a)\ 

Upon  heating  no  discemable  differences  in  x-ray  results  were  observed  until  1S23K,  at 
which  temperature  the  (1 10)^  appeared,  the  structure  now  consisting  of  a  +  y  +  the  Oj  having 
disordered.  A  further  temperature  increase  to  1623K  resulted  in  an  increase  in  the  ^  peak 
intensities  relative  to  the  y  peaks.  Finally,  above  1623K,  the  alloy  was  two-phase  ^  -i-  y.  all 
evidence  of  a  having  disappeared. 

Ti-48Al-2Nb-2Mn/TiR, 

Typical  calorimetric  differential  thermal  analysis  results  for  both  heating  and  cooling  of 
the  TiBj  reinforced  Ti-48Al-2Nb-2Mn  alloys  are  illustrated  for  Ti-48Al-2Nb-2Mn/7  vol.  %  TiBj 
in  Figure  3(c)  and  3(d).  The  three  solid  state  reactions  observed,  T1,T2  and  T3,  as  well  as  that 
associated  with  melting.  T4,  were  similar  to  those  found  in  unreinforced  Ti-48Al-2Nb-2Mn,  see 
Table  EL 

Correspondingly,  ambient  and  elevated  temperature  x-ray  diffraction  results  for  the  TlBj 
reinforced  Ti-^Al-2Nb-2Mn  were  similar  to  diose  of  the  unreinforced  alloy.  Figure  4(b).  For 
example,  at  low  temperatures  Ti-48Al-2Nb-2Mn/7  vol.  %  TiB,  was  Oj  +  y,  transforming  to  a  + 
y  +  P  above  1S48K  and  finally  to  ^  +  y  above  1648K. 


( 


^  It  was  confirmed  by  transmission  electron  microscopy  that  no 
P  phase  is  present  at  room  tenperature . 

i 
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Table  U 

Transformation  Temperatures 
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Discussion 


The  combined  thennai  analysis  and  x-ray  diffraction  observations  can  be  utilized  to 
examine  the  influence  of  TiB^  adttition  on  phase  stability  in  Ti-48Al-2Nb-2Mn.  In  general, 
independent  of  TiBj  content,  h^ting/cooling  results  in  the  following  solid  state  transformations: 

otj+y  — >  a-Ky  — ¥  a+P+y  — ¥  p+y 

with  melting  occurring  at  the  highest  temperatures  examined.  Comparison  of  the  calorimetric 
differential  thermal  analysis  results.  Table  n.  with  the  HTXRD  results  supports  the  suggestion 
that  reaction  Tl,  occurring  at  approximately  1470  K  for  NMO  and  1530  K  for  NM7,  is  the 
eutectoid  transformation  0,47  — ¥  a,  i.e..  ot,  is  not  observed  above  Tl.  In  addition,  the  Tl 
reaction  occurrs  at  temperatures  close  to  the  reported  eutectoid  temperature  in  binary  Ti-48.65A1, 
1450  K  [17].  Precipitation  of  P  commences  at  temperatures  between  Tl  and  T2,  with  T2 
corresponding  to  increasing  P  precipitation  and  dissolution  of  y.  T3  then  coincides  with  the 
proposed  a  — ¥  p^y  peritectoid  transformation.  The  results  also  indicate  that,  in  contrast  with 
binary  TlAI/TiBj  alloys,  a  is  not  the  high  temperature  equilibrium  phase  for  Ti-48Al-2Nb-2Mn. 
a  two-phase  P  +  y  region  existing  in  the  latter  alloy  immediately  below  the  solidus.  This 
difference  between  the  'n-48Al-2Nb-2Mn  and  binary  alloys  [6]  is  presumably  due  to  the  P- 
stabilizing  effea  of  the  two  additions,  i.e.  Nb  and  Mn.  Failure  of  previous  investigators  [18]  to 
tecogitize  the  presence  of  the  P  +  y  phase  field  at  high  temperature  during  their  study  of  Ti-48A1- 
2Nb-2Mn  is  not  surprising,  CDTA  by  itself  not  being  able  to  define  the  reactant  or  the  product 
phases  participating  in  a  phase  transformation. 

Hnally,  the  results  suggest  that  the  influence  of  the  TiBj  reinforcements  on  the 
transformation  temperatures  is  not  directly  correlatable  to  the  TiBj  volume  fraction.  Rather  it 
appears  that  the  transformation  temperatures  are  more  directly  related  to  the  total  interstitial 
content  (Ot-N+B-fC+H).  For  example,  the  eutectoid  transformation  temperature  increases  with 
increasing  interstitial  content  Further  study  continues  towards  quantifying  this  interstitial  effect 

Conclusions 


The  elevated  temperature  phase  stability  of  investment  cast  and  HIP’ed  near-g-mima  Ti- 
48Al-2Nb-2Mn  contaiiting  0, 0.5, 1,  2  and  7  vol.%  TlBj  involves  the  following  reversible  solid 
state  phase  transformations: 

otj+y  — ¥  a+y  — ¥  a+p+y  — ¥  P+y 

These  reactions  involve  a  low  temperature  eutectoid  transformation,  Oj  +  y  — >  a,  a  precipitate 
reaction  leading  to  the  presence  of  the  p  phase  and  a  high  temperature  peritectoid,  a  — ¥  P  + 

y. 

The  total  interstitial  content  seems  to  have  much  more  influence  on  the  phase  stability  of 
these  materials  than  the  HB,  content 
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Figure  1.  Optical  micrograph  of  H-48Al-2Nb-2Mn  illustrating  mixed  microstructure  consisting 
of  equiaxed  y  grains  [G]  and  +  y)lamellar  colonies,  [L]. 


Figure  2.  Scanning  electron  micrographs  illustrating  TiBj  morphology  in  Ti-48Al-2Nb-2Mn 
containing  (a)  0.5  vol.  %  TiBj,  (b)  1  vol.  %  TiB^,  (c)  2  vol.  %  TiBj,  and  (d)  7  vol.  %  TiBj. 


Figure  3.  Thermograms  of  (a)  Ti-48Al-2Nb-2Mn  on  heating,  (b)  Ti-48Al-2Nb-2Mn  on  cooling, 
(c)  Ti-48Al-2Nb-2Mn/7  vol.%  TiBj  on  heating  and  (d)  Ti-48Al-2Nb-2Mn/7  vol.%  TiB2  on 
cooling  at  20  K/min. 


Figure  4.  X-ray  spectra  showing  the  phases  present  at  selected  temperatures  for  (a)  Ti-48Al-2Nb- 
2Mn  and  (b)  Ti-48Al-2Nb-2Mn/7  vol.  %  TiB^.  (•  Oj,  o  a,  ■  p,  v  y). 
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Abstract 


The  elevated  temperature  phase  stability  of  triple  vacuum  melted  and  forged  Ti-25A1- 
1  INb  has  been  investigated  utilizing  optical  microscopy,  calorimetric  differential  thermal  analysis 
and  in-situ  high  temperature  x-ray  diffraction.  These  studies  have  shown  that  slow  cooling  after 
forging  resulted  in  a  microstructure  consisting  of  primary,  blocky  colonies  (Oj’’)  in  a  matrix 
of  secondary,  'basketweave'  ocj  (ocj®)  +  transformed  disordered  ^  (|3,)  +  orthorhombic  phase  O. 
Upon  continuous  heating  sequential  dissolution  of  orthorhombic  O  and  the  morphologically 
distinct  ordered  Oj  phases  was  observed,  with  Oj  disordering  to  a  below  the  p  transus.  Similar 
reversible  transformations  were  observed  on  cooling  from  the  P  phase  field;  the  quantities  of  ot,*’ 
and  in  the  alloy  microstructure  after  cooling  being  rate  dependent,  decreasing  cooling  rate 
increasing  the  volume  fraction  of  Oj®’. 
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Introduction 


TijAl  based  intermetallic  alloys  (based  on  the  04  phase,  ordered  hep,  IX)i9  structure) 
exhibit  superior  elevated  temperature  strength  and  creep  resistance  when  compared  to 
conventional  titanium  alloys.  Their  low  ambient  temperature  ductili^  and  fracture  toughness  has, 
however,  required  alloy  modification.  Among  several  modifications  investigated,  the  most 
promising  involves  incorporation  of  ^  stabilizers,  such  as  Nb,  V  and  Mo,  to  levels  which  result 
in  the  introduction  of  controlled  quantities  of  a  ductile  ^  phase  (1).  One  of  the  most  interesting 
alloys  in  this  regard  is  the  commercial  Ti-24Al-llNb  alloy.  While  the  addition  of  niobium  in  this 
alloy  promotes  the  formation  of  a  two  phase  (or  ordered  P,  Pot  with  the  CsQ  structure  B2) 
mixture  (2,3),  recent  investigations  of  the  Ti,Al-Nb  pseudo-binary  system  (3-7)  have 
demonstrated  that  complex  phase  relationships  exist  in  this  system.  For  example,  depending  upon 
exact  alloy  chemistry  and  prior  thermo-mechanical  history  phases  reported  in  the  TijAl-Nb 
system  include  P  (di^rdered  bcc)  (6,7),  P^  (ordered  bcc,  B2  structure)  (8),  a  (disordered  hep) 

(9) ,  Oj  (ordered  hep,  DO^,  structure),  0/0''(ordioriiombic  phase  derived  from  the  DOi,  phase) 

(10) ,  and  recently  a  new  tetragonal  phase  (EKD^-like  structure)  (11). 

A  definition  of  the  high  temperature  in-situ  phase  stability  is  therefore  essential  for  the 
development  of  appropriate  elevated  temperature  thermo-mechs^cal  processing  of  Ti^Al-Nb 
alloys.  To  achieve  this  goal,  the  present  study  establishes  the  phase  relationships  at  elevated 
temperatures,  upon  continuous  heating/cooling,  of  the  commercial  ’Il-24Al-llNb  (true 
composition  Ti-2SAl-llNb)  alloy. 


Experimental  Procedures 

The  chemical  composition  of  the  investigated  Ti-25A1-1  INb  (at%)  alloy  is  given  in  Table 
I.  This  alloy  was  received  as  a  152.4  mm.  thick  slab  having  been  forged  from  a  3400  kg.  triple 
vacuum  melted  production  ingot  During  prior  processing,  the  material  had  been  heated  to  1533 
K,  held  at  this  temperature  for  8  hours,  forged,  and  then  air  cooled.  Metallographic  examination 
of  sections  prepared  using  conventional  techniques  (grinding,  polishing  and  etching  with  KroU’s 
reagent).  Figure  1,  showed  that  the  microstructure  consisted  of  uniform  primary,  blocky  ocj  (oe,^) 
in  a  transformed  P  (Widmanstatten  secondary  ocj^  -1-  P,)  matrix.  Ambient  temperature  x-ray 
diffraction  revealed  an  ocj+^disordered)  structure,  with  a  small  quantity  of  an  orthorhombic-like 
phase  O  characterized  by  the  presence  of  'shoulders'  at  the  identified  Oj  peaks. 

Characterization  of  the  high  temperature  stability  utilized  calorimetric  differential  thermal 
analysis  (CDTA)  and  high  temperature  in-situ  x-ray  diffraction  (HTXRD).  The  former  used  a 
Stanton  Redcroff/Omnitherm  DSC  1500  thermal  a^ysis  system,  modified  to  ensure  that  the 
heating/cooling  experiments  were  unaffected  by  the  test  environment  (12).  Phase  transformation 
temperatures  from  873  K  to  1573  K  were  determined  during  both  heating  and  cooling  in  a  high 
purity  argon  atmosphere  at  5,  10,  20,  and  40  K/min  rates.  In  order  to  precisely  determine  each 
transformation,  both  the  heat  flow,  normalized  per  unit  mass  (mj.sec  '.mg  '.),  and  its  first 
derivative  with  respect  to  temperature,  J'=dJ/dT  (mJ.sec'‘.mg  ‘.deg‘),  were  recorded  and 
analyzed.  Transformation  temperatures  were  determined  from  the  CDTA  theimograms  by 
establishing  those  temperatures  where  the  J  and  J'  curves  deviated  from  the  baseline  (To‘,  Tq', 
Ts\  and  Tb"  on  heating  and  Tb‘,  To^  and  Ts*’  on  cooling),  and  in  the  case  of  overlapping  peaks, 
where  the  J'  curve  showed  a  curvature  anomaly  (Tl*'  and  Td"  on  heating  and  Tl'  on  cooling).  The 


average  standard  deviation  observed  for  the  measured  reaction  temperatures  was  ±  5  K. 

In-situ  high  temperature  x-ray  diffraction  (HTXRD)  experiments  were  undertaken  to 
complement  the  CDTA  experiments.  These  utilized  a  Scintag  diffractometer  equipped  with  a  high 
temperature  fumace/vacuum  chamber,  the  latter  having  again  been  modified  to  introduce  and 
maintain  a  high  purity  inert  argon  gas  atmosphere  at  a  pressure  of  0.6  bar  (12). 


Results 

The  results  of  the  thermal  analysis  observations  during  continuous  heating  and  cooling 
are  shown  in  Figure  2  and  3,  respectively.  Independent  of  heating  rate,  Ti-25A1-1  INb  exhibited 
a  low  temperature  transformation  below  1 123  K  (8S0°C).  This  transformation,  starting  at  To‘  and 
ending  at  Tq^  was  followed  by  a  complex  sequence  of  transformations,  Tj"  thru  Tb".  Above  Ts", 
where  both  J  and  J'  curves  deviated  from  the  baseline,  ensuing  reactions,  as  defined  by 
ar''nialies  in  J',  were  observed  at  Tl”  and  Finally  this  sequence  of  transformations  was 
t  ated  at  Tb*". 

Cooling  thermograms  exhibited  three  distinct  transformations  in  the  1348-1173  K  (1075°- 
900°C)  range,  except  at  the  lowest  rate  examined,  5  K/min,  where  only  two  reactions  were 
recorded.  The  first  reaction  which  had  an  onset  at  Tb°  and  finished  at  T^,  was  immediately 
followed  by  a  second  reaction  which  terminated  at  T^.  At  cooling  rates  above  5  K/min,  a  third 
reaction  appeared,  interrupting  the  Ti,°-Ts°  reaction  at  a  temperature  T^^,  with  the  extent  of  this 
additional  transformation  increasing  with  increasing  cooling  rate. 

In  order  to  estimate  the  equilibrium  reaction  temperatures,  that  is  to  eliminate  the 
influence  of  heating  or  cooling  rate  on  the  observed  transformation  temperatures,  the  temperature 
vs.  rate  curves  were  a^umed  to  be  a  linear  function  of  rate  and  were  extrapolated  to  an  ideal  0 
K/min  rate  corresponding  to  the  equilibrium  state.  Table  n. 

High  temperature  x-ray  diffraction  data  at  20  K/min  for  Ti-25Al-llNb  are  summarized 
in  Table  EL  Th^  data  show  that  Ti-25Al-llNb  was  three  phase  (Oj+P+O)  up  to  1123  K 
(850°C),  the  major  P  peak.  P(110)  at  20=38.8°,  overl^ping  witii  the  ot2(002)  peak  at  26=38.2°. 
TIm  orthorhombic  pe^,  characterized  by  small  'shoulders'  at  ocj  peaks,  started  dis^peaiing  at 
iq)proximately  923  K  (650°C)  with  the  completion  of  this  transformation  at  1 123  K  (850°C). 

Between  1173  K  (900°C)  and  1323  K  (1050°C),  the  alloy  was  two  phase  (Oj+P).  Above 
1348  K  (1075°C)  a  new  peak,  which  could  be  indexed  as  a  satellite  o/ocj  reflection,  started  to 
appear,  i.e.,  the  major  peak  of  the  x-ray  diffraction  scan  (a2(002)/26=38°)  separated  into  two 
peaks.  At  1448  K  (117S°C)  this  satellite  reflection  disappeared  and  the  alloy  was  in  the  a+P 
phase  field.  Due  to  the  overlapping  of  the  Oj  and  a  peaks,  the  otj-^a  disordering  transformation 
was  verified  with  rocking  curves  at  low  angles  20=17.5°,  ctzfKX)),  and  20=26°,  otjfllO).  The 
expected  peaks  characteristic  only  of  the  ordered  Oj  phase  were  absent  at  1448  K.  Finally,  at 
1473  K  (1200°C)  and  above,  the  x-ray  scans  showed  no  distinct  peaks,  however  rocking  curves 
indicated  that  the  alloy  was  single  phase,  disordered  bcc  P  phase,  above  this  temperature. 

Upon  cooling,  x-ray  scans  were  also  taken  and  were  found  to  be  qualitatively  identical 
to  those  on  heating,  the  intensity  of  the  peaks  being  randomly  modified.  Between  1348  K 
(1()75°C)  aiKl  1298  K  (1025°C),  the  presence  of  an  a+P  structure  was  identified,  transforming 
to  Oj+P  below  1273  K  (1(X)0°C).  Ultimately  a  three  phase  structure,  Oj+P+O,  appeared  below 
1 123  K  (850°C),  this  structure  remaining  till  room  temperature. 


Discussion 


Using  the  combination  of  the  CDTA  and  in-situ  HTXRD  experiments,  the  phase  stability 
of  Ti-25A1-1  INb  at  elevated  temperatures  was  established  during  continuous  heating/cooling.  By 
analogy  with  conventional  titanium  alloys  (13),  transformations  on  heating  Tl-2SAl-llNb 
involved  dissolution  processes  while,  on  cooling,  the  reverse  transformations  involved 
precipitation  of  oe/Oj. 

Initially  the  microstructure  of  the  alloy  examined  consists  of  with  two 

distinct  morphologies,  primary  blocky  a2^  and  secondary  Upon  heating.  Table  IV.  the 
first  transfmrmation  consists  of  orthorhombic  phase  dissolution  as  defined  by  temperatures 
between  Tq*  and  Tq*.  Rguie  2. 

Further  transformations  then  involve  the  dissolution  of  the  morphologically  different  Oj 
phases.  This  initially  entails  the  resolution  of  within  transformed  followed  by  the 
dissolution  of  Oj.  Such  a  dual  process,  eventually  followed  by  the  disordering  of  both  Oj 
morphologies,  was  demonstrated  by  the  CDTA  thermograms,  where  complex  phase 
tran^ormations  are  observed  above  Rgure  2.  The  first  of  these  is  characterized  as  the 
dissolution  of  the  ocj^,  and  is  associated  widi  the  major  peak  for  each  heating  rate,  the  shape  of 
this  peak  being  representative  of  a  diffusion  controlled  transformation  (17).  While  the  onset  of 
primary  dissolution  cannot  be  precisely  defined  from  the  CDTA  thermograms,  the  appearance 
of  the  aja  satellite  reflection  at  ^proximately  1338  K  (107S‘’C)  in  the  x-ray  pattern  suggests 
that  a  difference  in  chemical  composition  between  the  primary  and  secondary  Oj  phases  may 
(tevelop  during  dissolution  at  Ugh  temperature,  as  expected  in  a  difihision-controlled 
transformation.  Similar  alloy  partitioning  between  the  Oj  and  p  phases,  which  become 
respectively  Al-enriched  and  N^nriched,  has  also  been  observed  in  ’n-24Al-llNb  (14,16).  It 
is  proposed  therefore  that  Tj.^  represents  the  transition  temperature  where  (t^  becomes 
predominant  in  the  alloy  structure,  tte  moq)hology  being  virt^y  extinct  The  x-ray  results 
further  indicate  that  the  oe,'  phase  is  present  till  1423  K,  completion  of  the  o^-mx  disordering 
transformation  occuring  slightly  below  the  P  transus,  1432  K  (1159‘’C). 

The  CDTA  thermograms  suggest  that  an  additional  transformation,  identified  by  takes  place 
in  the  high  temperature  range  immediately  below  the  P  transus.  This  reaction  may  be  associated 
with  tile  dissolution  of  either  grain  boundary  or  martensitic  a'  (hep),  the  former  reverse 
transfimnation,  being  a  cellular-type  associated  with  the  growth  of  blocky  o/Oj  (3),  the 

latter,  involving  a  shear  transformation  of  ^  to  a'  with  subsequent  ordering  to  Oj  (15,16). 
Similarly,  the  first  transformation  involved  upon  cooling  from  the  P  phase  is  the  formation  of 
primary  whic^  begins  at  the  temperature  This  is  followed  by  ordering,  as  depicted 
in  Rgure  3  by  ihe  broad  peak  between  Tp*  and  Tl*.  Moreover,  prior  to  completion  of  otz'’ 
formation,  precipitation  of  secondary  cli  from  the  ^  phase  occurs,  temperature  Tl*".  The  extent 
of  a,’  precipitation  is  expected  to  be  a  function  of  cooling  rate.  Figure  3  supports  this  conclusion, 
the  difference  in  intensity  of  the  peak,  relative  to  increasing  with  increasing  cooling  rate. 
In  contrast,  an  microstructure  is  characteristic  of  slower  cooling  rates,  Le.  those  permitting 
long-range  diffusion  processes  to  occur.  Therefore,  by  analogy  with  the  transformations  observed 
on  beating,  the  Ti,‘  temperature  represents  the  transition  from  a  predominant  tom  increasing 
quantity  of  with  increasing  cooling  rates.  Table  V  summarizes  the  phase  transformations  path 
on  cooling  where  the  temperatures  are  given  at  equilibrium. 

Demonstration  of  this  effect  of  rate  on  die  phase  morphology  of  Ti-25Al-llNb  was 
observed  in  the  microstructure  of  the  CDTA  samples  after  cooling.  Figure  4.  As  the  cooling  rate 


decreased,  coarsening  of  was  observed,  the  as-cooled  microstructure  changing  from  a  fine 
Oj^+P,  to  a  coarse  aj'’+p,  morphology.  This  morphological  transition  was  confirmed  at  the  lowest 
cooling  rate,  Le.  S  K/min,  when  the  was  absent  in  the  microstructure  of  the  CDTA  specimen 
after  cooling.  Figure  4d,  an  observation  consistent  with  the  disappearance  of  the  peak  associated 
with  formation  in  the  CDTA  thermogram  Figure  3d. 


Conclusions 

High  temperature  phase  stability  has  been  established  for  the  Tl-25Al-llNb  (at%). 
Transformations  on  heating  involve  the  sequential  dissolution  of  orthoiiiombic  O  and  the 
morphologically  distinct  cxj  phases,  such  as  and  a2^  present  in  the  as-received  alloy.  Similar 
reversible  reactions  occur  on  cooling  from  the  high  temperature  single  phase  P,  the  relative 
amount  of  the  morphologically  different  Oj  phases  exhibiting  a  clear  cooling  rate  dependency. 
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Table  I.  Chemical  composition  of  Ti-25A1-1  INb 


Ti 

A1 

Nb 

0 

C 

N 

Fe  1 

aL% 

bal. 

24.95 

10.83 

0.26 

0.26 

0.04 

0.04  1 

WL% 

bal. 

14.25 

21.30 

0.09 

0.09 

0.01 

0.05  I 

Table  n.  Transformation  temperatures  as  a  function  of  heating/cooling  rates 


1  Heatiiig/Cooling 
Rate 
( K/min) 

Tiansfonnadon  Temperatures  (  K)  [HeatingCTiVCoolingCr^O]  | 

To 

To 

Ts 

Tu 

To 

Tb 

40 

943/ND‘ 

1109/ND 

1210/1107 

1401/1231 

ND/1304 

1485/1349 

20 

928/ND 

1091/ND 

1211/1172 

1389/1238 

1425/1320 

1456/1353 

10 

913/ND 

1083/ND 

1208/1198 

1378/1242 

1407/1334 

1443/1351 

5 

lOSdOSD 

1206/1225 

1371/ND 

1401/1338 

1441/1355 

0* 

905/ND 

1079/ND 

1207/1236 

1369/1246 

1394/1343 

1432/1354 

*  noo-detected  "  extrapolated 


Table  m.  Phase  structures  determined  by  HT?CRD  at  20  K/min  heating  rate 


\  Temperature  (  K) 

298  -  1123 

1173  -  1323 

1348  -  1423 

1448 

1473 

1  Phases 

Oj  +  P  +  0 

Oj  +  P 

split  ct/Oj  +  P 

a  +  p 

P 

48 


Table  IV.  Phase  transformations  upon  heating  for  the  Ti-25Al-llNb  alloy 


T(K) 

<  1079 

1079  -  1207 

1207-  1369 

1369  -  1394 

1394  -  1432 

>  1432 

Phases 

{P,+ai*}+aj*’+0 

{p,+a,*)+a,'’ 

{p,+{a,-»ot)*) 

p+o' 

P 

Table  V.  Phase  transformations  upon  cooling  for  Ti-25Al-llNb 
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Fi^  1  -  ’n-25Al-llNb  as-forged  microstructure  exhibiting 
mixture  of  secondary,  *basketweave'  Oj®  [S]  and  retained  ft. 


primary,  blocky  [P]  and 


Figure  2  -  CDTA  thermograms  for  Ti-25Al-llNb  on  heating  at  (a)  40,  (b)  20,  (c)  10,  and  (d) 
5  K/min.  Heat  flow  J  (mJ.sec  ’.mg  *)  and  its  first  derivative  J'  (mJ.sec'‘.mg  ‘.deg  ‘). 


Figure  3  -  CDTA  thermograms  for  Ti-25Al-llNb  on  cooling  at  (a)  40,  (b)  20,  (c)  10,  and  (d) 
5  K/rain.  Heat  flow  J  (mJ.sec  '.mg  ‘)  and  its  first  derivative  J’  (mJ.sec  '.mg  '.deg  ‘). 


Figure  4  -  Microstructures  of  the  CDTA  samples  from  Ti-25Al-llNb  after  cooling  at 
cooling  rates  (a)  40  K/min  (b)  20  K/min  (c)  10  K/min  (d)  5  K/inin. 


53 

PHASE  TRANSFORMATIONS  IN  XD™  TiBj  REINFORCED 
NEAR-GAMMA  Ti-48AI-2Nb-2Mn 


S.  Guillard  and  H.J.  Rack 
Materials  Science  and  Engineering  Program, 
Department  of  Mechanical  Engineering, 
Clemson  University,  Clemson,  SC  29634-0921 


To  be  published  in 
Materials  Science  and  Engineering 


Abstract 

The  elevated  temperature  phase  transformations  occurring  in  investment  cast  and  HIP’ed 
near-gamma  Ti-48Al-2I^2Mn  containing  0,  0.5,  1,  2  and  7  volume  pet  TiBj  have  been 
investigated  utilizing  in-situ  thermal  analysis,  high  temperature  x-ray,  optical  and  transmission 
electron  microscopy.  A  series  of  reversible  transformations  were  observed  during 
heating/cooling: 

Oj-Ky  — >  a+Y  — >  a+P4Y  — >  P-Ky  — >  P  +  L 
where  on  heating  the  low  temperature  eutectoid  transformation,  Oj  +  y  — >  a,  is  followed  by  P 
precipitation  and  y  dissolution,  a  high  temperature  reverse  peritectoid  reaction,  a  — >  P  +  y  and 
finally  an  inverse  peritectic  reaction  y  — >  P  +  L  . 

Further,  the  variable  TiBj  morphologies  observed  suggest  that  TiBj  redissolves  during 
XD*”  processing,  re-precipitating  during  subsequent  solidification,  its  morphology  evolving  from 
lacey  to  plate/needle-like  to  blocky  as  boron  content  or  distance  from  the  ingot  periphery 
increases. 

Finally,  it  was  shown  that,  rather  than  the  TiBj  content  per  se,  elemental  boron  content, 
and  by  extension  total  interstitial  content,  was  the  primary  factor  influencing  the  differences  in 
phase  transitions  temperatures  observed  in  these  materials.  As  the  interstitial  content  increased, 
the  eutectoid  transformation  temperature  increased,  the  peritectoid  transformation  temperature  was 
not  affected  and  the  peritectic  transformation  temperature  decreased. 
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Introduction 


Because  of  their  low  density,  good  oxidation  resistance,  relatively  high  modulus  and  good 
strength  retention  at  elevated  temperature[l]  (ocj  +  y)  Ti-Al  alloys  are  attractive  candidates  for 
advanced  turbine  and  airframe  applications.  Originally  their  ^pUcability  wa.*:  restricted  because 
of  their  low  ambient  temperature  fracture  toughness  and  ductility.  Recent  investigations  have 
however  demonstrated  that  significant  gains  in  fracture  toughness  and  ductility  can  be  achieved 
through  chemistry  modification,  principally  through  the  addition  of  ^  stabilizing  elements[2], 
selection  of  appropriate  processing  methods[3]  and  varying  heat  treatment[4].  For  example,  Kim 
and  co-workers  have  shown  that  development  of  a  fully  lamellar  (aj+y)  microstructure  results  in 
a  two  fold  increase  in  fracture  toughness  when  compared  to  an  equiaxed  (Oj  +  y) 
microstructure[S]. 

While  relatively  simple  thermal  treatments  may  be  utilized  to  promote  the  (ocj+y)  lamellar 
microstructure,  and  thereby  increase  the  fracture  toughness,  these  treatments  are  normally 
accompanied  by  an  increase  in  grain  size  and,  therefore,  a  further  reduction  in  tensile 
ductility[3,4].  Larsen  and  co-workers  indicate  however  that  the  formation  of  the  (Oj+y)  lamellar 
microstructure  can  be  enhanced  and  the  fracture  toughness  increased  in  binary  TiAl,  without  a 
reduction  of  tensile  ductility,  through  the  addition  of  7  vol.  pcL  TiBj  particles[6].  Further 
observations  indicate  that  Ti^  has  the  additional  beneficial  effect  of  promoting  a  decrease  in  ajy 
colony  size[7]  and  grain  size[8,9]. 

Prompted  by  these  results,  several  detailed  investigations  have  been  undertaken  to  examine 
the  evolution  of  binary  (otj+y)  Ti-Al  alloys  following  the  addition  of  elemental  B  and  TiBj.  For 
example.  Hyman  et  al[10-12]  have  shown  that  B  concentration,  at  a  Hxed  Ti:Al  ratio, 
solidiQcation  cooling  rate  and  solidification  undercooling,  all  have  a  significant  effect  on  the  Ti 
boride  morphology  and  crystal  structure  formed  during  solidification  of  binary  Ti-Al  alloys. 
Namely,  as  boron  concentration  increases,  TiBj  evolves  from  a  lacey  to  a  needle/plate-like 
morphology  and  finally  to  a  blocky  morphology,  whereas  increasing  the  cooling  rate  or  the 
amount  of  supercooling  results  in  fine  equiaxed  TiBj  particles. 

Significantly  less  is  known  about  the  effect  of  B/TiBj  on  the  solid-state  transformations 
observed  in  Ti-Al  alloys.  The  limited  information  presented  by  Feng  et  al[13]  suggests  that  the 
addition  of  TiBj  in  binary  ((Xj+y)  Ti-Al  acts  in  a  maimer  qualitatively  similar  to  0[8,14-16],  i.e., 
enlarging  the  (a  +  y)  and  raising  the  (ocj  +  y)  eutectoid  transformation  tem^rature. 

Mote  recently,  attention  has  focused  on  the  addition  of  TlBj/B  in  ternary  and  quaternary 
(Oj+y)  Ti-Al  alloys.  Huang  and  Hall[14]  have  shown  that  a  reduction  of  grain  size  and  the 
retention  of  a  fully  lamellar  microstrucniie  may  be  accrued  through  the  addition  of  >  1  atom  pet 
B  or  0.5  atom  pet  N  to  Ti-45.5Al-2Cr.  Other  studies  by  Larsen  et  al.[6]  have  confirmed  that  TiBj 
additions  to  Tl-48Al-2Nb-2Mn  act  in  an  analogous  manner,  and  that  these  additions  result  in 
enhanced  fracture  toughness  and  strength,  the  latter  without  substantial  ductility  penalty.  To 
complement  these  studies,  the  results  reported  herein  are  aimed  at  achieving  an  understanding 
of  the  effect  of  TiBj  additions  on  the  phase  transformations  in  a  quaternary  Ti-Al-Nb-Mn  (ocj+y) 
alloy. 
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Experimental  Procedures 

Ti-48Al-2Nb-2Mn  ingots  with  0,  0.5,  1,  2  and  7  volume  percent  boride  were  produced 
by  Howmet  Corporation  as  double  vacuum  arc  remelted  investment  castings,  boron  being 
introduced  via  the  XD“  process[17].  Cylindrical  bars  of  15.9  mm  X  203.2  mm  were  investment 
cast  and  HIP’ed  for  4  hours  at  1533  K  and  175  MPa,  HIP’ing  being  terminated  by  cooling  to 
room  temperature  at  a  rate  less  than  30  K/min.  Table  1  lists  the  chemical  compositions  of  the 
castings  produced  in  this  manner,  the  interstitial  contents  having  been  determined  by  direct 
current  plasma.  The  boride  volume  fraction  was  calculated  from  the  analyzed  boron  content,  i.e., 
assuming  that  all  the  boron  is  in  the  boride  phase,  the  accuracy  of  the  direct  current  plasma 
technique  being  3  to  5%  [18]. 

The  high  temperature  stability  of  these  alloys  was  assessed  using  calorimetric  differential 
thermal  analysis  (CDTA)  and  high  temperature  x-ray  diffraction  (HTXRD).  The  former  utilized 
samples,  weighing  between  35  and  55  mg,  which  were  placed  in  alumina  crucibles  and 
inm^uced  into  a  thermal  analysis  system  modified  to  be  operated  in  a  flowing  high  purity  (1 
ppb)  argon  atmosphere.  Phase  transformation  temperatures  were  determined  from  observations 
between  873  K  and  1703  K  during  both  heating  and  cooling  at  rates  of  5, 10,  20  and  40  K/min. 
Both  the  heat  flow  J.  normalized  per  unit  mass  (mJ.sec  ^mg'*).  and  its  first  derivative  with  respect 
to  temperature,  J’=dJ/dT  (mJ.sec'‘.mg\deg*),  were  recorded,  with  the  transformation 
temperatures  being  defined  where  J  and  J’  deviated  from  the  baseline  and,  in  the  case  of 
overlapping  peaks,  where  the  J’  curve  exhibited  a  curvature  anomaly.  The  equilibrium 
temperature  was  determined  through  linear  extrapolation,  Zhu  and  Devletian  [19]  having  shown 
that  this  linear  variation  can  be  utilized  to  estimate  the  transformation  temperature  within  an 
accuracy  of  ±3*C. 

High  temperature  x-ray  diffraction(HTXRD)  studies  were  undertaken  to  complement  the 
calorimetry  by  identifying  the  phases  present  at  elevated  temperature.  The  procedure  utilized  a 
diffractometer  equipped  with  a  high  temperature/vacuum  chmber  modified  to  introduce  and 
maintain  a  high  purity  inert  argon  gas  atmosphere  at  a  desired  pressure  of  0.60  Pa.  HTXRD 
samples,  having  dimensions  of  8  mm  X  20  mm  X  0.25  mm,  were  prepared  by  wafering  and 
grinding,  with  rinal  preparation,  to  remove  the  presence  of  a  prior  strain  hardened  surface, 
involving  chemical  removal  of  a  20  pm  minimum  surface  layer  in  a  bath  of  10  ml  HNO,  +  5  ml 
HF  +  SO  ml  HjO,  followed  by  washing  in  ethanol  and  water,  drying  in  air  and  storage  in  a 
vacuum  dessicator. 

Initially,  ambient  temperature  26-scans  from  15°  to  85°  were  obtained  utilizing  Cu-K^ 
radiation  at  40  kV  and  30  mA.  The  sample  was  then  heated  at  a  rate  of  20K/min  to  1703K,  with 
diffraction  spectra  being  acquired  at  selected  temperatures,  the  latter  being  monitored  by  a  type-C 
thermocouple  directly  spot  welded  to  the  specimen.  Typically,  data  were  recorded  a^r  a  rive- 
minute  stabilization  period  at  temperature,  with  data  acquisition  performed  at  a  26-speed  of  10 
(tegrees  per  minute.  Three  to  four  sampbs  of  each  alloy  were  examined,  with  rocl^g  curves 
being  obtained  where  deemed  necessary  to  verify  the  presence,  or  absence,  of  phases  at  elevated 
temperatures.  Following  data  collection,  the  x-ray  diffi^tion  spectra  were  analyzed  and  the  peaks 
indexed  utilizing  a  least  squares  method  iterative  computer  program. 

Finally,  samples  for  optical  and  transmission  electron  microscopy  were  prepared.  Optical 
microscopy  samples  were  cut  and  polished  utilizing  standard  techniques  with  final  etching  for 
5  to  10  seconds  in  Kroll’s  reagent  Transmission  electron  microscopy  samples  were  prepared  by 
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grinding  on  SiC  grit  paper  to  ISO  microns,  spaiic  cutting  3mm-discs  from  the  foils  thus  produced, 
and  electro-polishing  in  a  solution  of  30  ml  perchloric  acid  +  175  ml  n-butanol  +  300  ml 
methanol  under  IS  to  20  volts  below  -30“C.  Subsequent  observation  was  carried  out  in  a  Hitachi 
600AB  operated  at  100  kV. 


Results 


Optical  examination  of  as-casted  and  HIP’ed  ’n-48Al-2Nb-2Mn  indicates  that  this  alloy 
had  a  columnar  grain  structure.  Figure  1-a,  with  the  grains  nucleating  at  the  mold  and  growing 
radially  inward.  Figure  1-b  reveals  a  microstructure  consisting  of  large  lamellar  colonies,  L,  ISOO 
to  8000  pm,  and  small  equiaxed  gamma  grains.  G,  ISO  to  250  pm,  all  displaying  serrated  grain 
boundaries.  X-ray  dif&action  analysis.  Figure  2,  indicates  that  this  alloy,  at  room  temperature, 
consists  of  two  phases,  ocj  and  y.  The  gamma  lattice  parameters,  c  and  a.  4.06636  A  and  4.0004 
A  respectively,  correspond  to  a  c/a  ratio  of  1.016. 

This  two  phase  (02+7)  microstructure  was  conHimed  by  transmission  electron  microscopy, 
no  evidence  for  p,  either  along  the  ajy  interfaces  of  the  (oCj+Y)  lamellar  microstructure.  Figure 
3-a,  or  at  triple  point  boundaries,  being  noted.  Selected  area  diffraction  analysis.  Figure  3-b,  also 
showed  that  the  orientation  relationship  between  TiAl/Tl,Al  was  {022}^,^  //  (0001>n3Ai  and 
<011>nAi  I!  <2110>n3Ai.  as  repotted  by  various  previous  investigators[3,20]. 

Calorimetric  differential  thermal  analysis.  Figure  4,  shows  that,  independent  of 
heating/cooling  rate,  three  reversible  reactions,  T1  thru  T3,  are  observed  during  heating  and 
cooling  of  unreinforced  Ti-48Al-2Nb-2Mn-  In  addition,  a  fourth  reaction,  T4,  is  observed  on 
beating.  Temperatures  for  the  onset  and  completion  of  these  reactions  are  summarized  in  Table 
2*. 

Comparison  of  the  elevated  temperature  x-ray  results.  Figure  S,  with  those  obtained  under 
ambient  conditions  indicate  that  upon  bating  no  dikemable  changes  are  observed  until  1S23K, 
at  which  temperature  the  (110)p  p^  appears.  Figure  6,  an  enlarged  portion  of  the  x-ray  scan  at 
this  temperature,  shows  the  emergence  of  this  peak,  the  microstructure  now  consisting  of  (a  + 
Y  +  P),  ^  ocj  having  disordered.  Evidence  of  the  characteristic  (101)a2  ordered  peak  was  detected 
by  rocking  curve  analysis  about  20=26®,  at  and  below  1448  K.  However,  this  peak  disappears  at 
1473  K,  the  remaining  (201)  p^  at  20=40.3®  being  ascribed  to  disordered  alpha. 

A  further  temperature  increase  to  1623K  results  in  an  increase  in  the  (110)  P  peak 
intensitks  relative  to  the  (111)  y  peak,  while  the  intensity  of  the  (201)  a  peak  relative  to  the 
(111)  Y  peak  remains  approximately  constant.  Figure  7,  the  vertical  lines  shown  depicting  the 
onset  and  completion  of  reaction  T3  as  defined  by  the  CDTA  results.  Finally,  above  1623K,  the 


^  These  values  were  obtained  by  extrapolating  results  from 
experiments  at  3  different  heating/cooling  rates  to  a 
heating/cooling  rate  of  0  K/min.  The  precision  due  to  this 
approximation  along  with  the  thermocouple  precision  at  these 
temperatures  leads  to  an  estimated  error  of  ±  4  K  in  the  reported 
equilibrium  treuisformation  tenperatures . 
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alloy  is  two  phase  (P  +  y)>  ttU  evidence  of  a  having  disappeared,  with  the  ratio  of  (1 10y(l  1 1)^ 
still  increasing. 

Ti-48Al-2Nb-2MnfriR. 

Ambient  temperamre  x-ray  diffraction  results  for  the  TiBj  reinforced  Ti-48Al-2Nb-2Mn 
were  similar  to  those  of  the  unreinforced  alloy.  Figure  8.  i.e..  the  aUoys  were  two-phase  (ocj  + 
Y)  at  room  temperature.  However,  additional  peaks  were  present  in  the  x-ray  spectrum  for  alloys 
containing  boride  volume  percents  equal  to  and  greater  than  1  percent  This  is  illustrated  in 
Figure  8  for  'n-48Al-2Nb-2Mn  containing  7  volume  percent  boricte^.  Table  3  shows  that  all  the 
observed  peaks  can  be  attributed  to  either  otj,  Y  or  '^B2^  Examination  of  this  data  shows  that 
TiB,,  which  has  the  hexagonal  C32  crystal  strucmre,  is  the  boride  phase  present  in  these  materials 
and  TiB,  which  has  been  detected  in  a  previous  investigation[21]  by  adding  boron  to  Ti-Al-Nb 
or  Ti-Al-Ta,  is  not  observed.  This  observation  has  also  been  reported  by  Larsen[8]  and  Hyman 
et  al.[10,ll]  who  identified  by  x-ray  diffraction  and  transmission  electron  microscopy  of  the 
extracted  particles,  that  all  thrra  morphologies,  lacey,  needle  and  blocky,  were  TiBj  (C32). 

Optical  microscopy  showed  that  the  introduction  of  TIB^  has  three  major  effects  on 
microstructure.  First,  while  Ti-48 Al-2Nb-2Mn  containing  0.5  volume  percent  TiBj  exhibited  large 
columnar  grains  similar  in  size  to  those  in  the  unteinforced  material,  the  alloys  containing  1,  2 
and  7  volume  percent  HBj  displayed  small,  equiaxed  grains,  iq)proximately  SO  to  150  pm  in  size, 
independent  of  diboride  volume  fraction.  Figure  9. 

Second,  the  introduction  of  TiB^  at  all  levels  investigated  resulted  in  a  fully  lamellar 
(QCs-K^  microstructures. 

Third,  three  morphologically  distinct  HBj  phases  are  observed  in  the  central  region  of  the 
ingots,  depending  on  the  TiB}  volume  fraction.  At  0.5  volume  percent  HB},  the  diboride  appears 
as  lacey  particles,  20  to  100  pm  long.  As  the  HBj  content  increases  to  1  and  2  volume  percent 
the  di^ride  phase  evolves  to  a  mixture  of  needles  and  blocky  particles,  and  frnally  to 
predominantly  blocky  particles  at  7  volume  percent  Moreover,  independent  of  T1B2  content  the 
borides  at  the  periptery  of  all  the  ingots  di^lay  the  lacey  morphology.  Figure  10  summarizes 
these  two  efrects  showing  that  the  boride  morphology  is  a  function  of  both  the  TiB}  content  and 
die  location  within  the  ingot 

Transmission  electron  microscopy  confirmed  the  x-ray  diffraction  results,  the  room- 
temperature  microstructure  consisting  of  (0247)  lamellae,  no  evidence  of  p  phase  being  detected. 
Figure  11.  Again,  the  orientation  relationship  between  otj  and  y  was  identical  to  the  unreinforced 
material,  te,  {022}TiAi  //  (OOOIItoai  and  <011>nAi  //  <2110>^aj-  However,  in  contrast  to  the 
unreinforced  alloy,  a  high  dislocation  density  exists  within  both  the  Oj  and  y  lamellae.  The 
occurrence  of  this  dislocation  substructure  presumably  arises  from  the  relaxation  of  stresses  due 
to  the  difierence  in  the  coefficients  of  thermal  expansion  between  matrix  and  diboride  particles. 
Dislocations  around  a  blocky  IIB}  particle  in  a  y  phase  lamella  are  shown  in  Figure  12. 


*  The  absence  of  such  peaks  in  Ti-48Al-2Nb-2Mn  +  0.5  vol.% 
boride  is  due  to  the  low  boride  volume  fraction  in  this  material . 

^  The  most  intense  TiBj  peak  corresponds  to  a  20  value  of  44.44 
and  is  probably  masked  by  the  (002)  y  peak. 
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Typical  calorimetric  differential  thermal  analysis  results  for  both  heating/cooling  of  the 
TiB,  reinforced  Ti-48Al-2Nb-2Mn  alloys  are  illustrated  in  Figures  13  by  the  scans  coresponding 
to  Ti-48Al-2Nb-2Mn/l  vol.%  TiBj.  Four  reactions  were  observed,  Tl,  T^,  T3  and  T4,  similar  to 
those  found  in  unteinforced  ’n-48Al-2Nb-2Mn,  Table  2. 

Elevated  temperature  x-ray  diffraction  results  were  also  similar  to  those  of  the 
unieinforced  alloy.  Figure  14.  For  example,  at  low  temperatures  Ti-48Al-2Nb-2Mn/7  volume 
percent  TIB,  was  (oti  +  TO*,  above  1548K  it  was  (a  +  y  +  P)  before  finally  transforming  to  (P  + 
Y)  above  16^K. 


Discussion 

The  calorimetric  experiments  conducted  during  this  study  have  shown  that,  independent 
of  TiBj  content,  four  reactions  occur  on  heating,  their  identiHcation  being  made  using  the  x-ray 
diffraction  results. 

Tl  separates  a  (otj  +  y)  region  from  a  (a  +  7)  region  according  to  x-ray  analysis.  This 
suggests  that,  as  in  the  binary  Tl-Al  system,  Tl  is  Ae  eutectoid  transformation  Oj  +  y  — >  a 
originally  proposed  by  Murray[22]  and  recently  unambiguously  confirmed[23]  in  the  Ti-Al 
system.  In  addition,  in  the  unieinforced  material,  the  Tl  reaction  occurs  at  temperatures  close  to 
the  reported  eutectoid  temperature  in  binary  Ti-48.65A1,  1450  K[24]  whereas,  in  Ti-48Al-2Nb- 
2Mn  +  7  vol.%  TiB],  it  occurs  at  the  temperature  reported  for  T1-44A1  + 1  vol.%  TiBj  and  Ti- 
47A1  +  7  vol.%  TiBj,  152SK[13]. 

Reaction  T2  occurs  as  temperature  increases  and  corresponds  to  partial  dissolution  of 
gamma  along  with  beta  precipitation,  the  amount  of  alpha  Ireing  relatively  unchanged  as 
temperature  increases.  Hgure  IS,  showing  a  plot  of  the  integrated  intensities  of  the  (1 1 1)  y,  (201) 
a  and  (110)  p  peaks  as  a  function  of  temperature  for  Ti-48Al-2Nb-2Mn  containing  7  volume 
percent  TIB,,  confirms  this.  Also  shown  as  vertical  lines  in  this  figure  are  the  onset  and 
completion  of  reaction  T3  as  determined  from  the  calorimetric  experiment  They  reveal  that  alpha 
starts  dis^pearing  when  T3  begins,  whereas  both  beta  and  gamma  increase.  Upon  completion 
of  T3,  alpha  has  completely  disappeared  and  only  beta  and  gamma  remain.  This  suggests  that  T3 
is  a  a  — >  P  +  y  peiitectoid  transformation. 

Identification  of  reaction  T4  is  more  challenging.  Indeed,  the  x-ray  scan  at  the  highest 
temperature  examined,  1698  K  (Figure  5),  indicates  that  a  two-phase  (P  +  y)  region  exists  at  high 
temperature.  This  shows  that,  in  contrast  with  binary  TlAl  alloys  [25-27],  a  is  not  the  high 
temperature  equilibrium  phase  for  Ti-48Al-2Nb-2Mn.  This  difference  between  the  'n-48Al-2Nb- 
2Mn  and  binary  alloys[13]  is  presumably  due  to  the  P-stabilizing  effect  of  the  two  alloying 
additions,  i.e.,  1^  and  Mn. 

Additional  evidence  for  the  existence  of  beta  at  high  temperature  has  been  provided 
following  isothermal  forging  of  Ti-47Al-3Cr  (at%)  at  1596  K  where  precipitation  of  a  chromium- 
enriched  beta  phase  has  been  reported[28].  Huang  et  al.[29]  also  mention  the  presence  of  a  B2- 
phase  at  room  temperature  after  slow  cooling,  following  a  heat  treatment  of  Ti-48Al-4Cr  between 
1523  and  1698  K  for  two  hours.  Moreover,  in  a  study  of  homogenization  treatments  of  Ti- 
46.lAl-3.lCr,  the  authors[30]  report  that  the  grain  size  remained  small  even  after  prolonged 
exposure  at  1596  K.  This  is  in  sharp  contrast  with  the  behavior  of  binary  Ti-Al  alloys  which, 
being  single-phase  at  these  temperatures,  undergo  rapid  grain  growth[31].  Hence,  Ti-46.lAl-3.lCr 
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must  be  two-phase  at  high  temperature,  the  ^-phase  presumably  acting  as  a  grain  growth 
inhibitor. 

The  presence  of  ^  at  high  temperature  was  further  demonstrated  by  heat  treating  Ti-4gAl- 
2Nb-2Mn  for  5  hours  at  167S  K,  and  quenching  in  cold  water.  Room  temperature  x-ray 
diffraction  of  this  sample  reveals  a  three-ph^  microstructure.  Figure  16.  This  confirms 

that  the  ^  and  y  pha^  are  indeed  present  at  1675  K,  the  presence  of  Oj  suggesting  that  the 
eutectoid  transformation  cannot  be  suppressed  on  rapid  cooling.  Notably,  earlier  investigations 
of  Ti-48Al-2Nb-2Mn[32,33],  utilizing  CDTA,  failed  to  recognize  the  presence  of  the  (P  +  y) 
phase  field  at  high  temperatures,  presumably  because  this  technique  by  itself  is  not  able  to  define 
the  reactant  or  the  product  phases  participating  in  a  phase  transformation.  Moreover,  our  results, 
coupled  with  Mizuhara’s  study  [30]  indicate  that  retention  of  the  P  phase  to  room  temperature  is 
higUy  cooling  rate  dependent,  with  slow  cooling  leading  to  the  cascade  of  reactions  thereafter 
proposed  and  no  P  phase  being  detected  at  ambient  temperature. 

Finally,  Figure  17  shows  Ti-48Al-2Nb-2Mn  +  2  volume  percent  TiBj  both  prior  and  after 
exposure  to  1710K,  that  is  above  T4.  The  presence  of  a  continuous  phase  in  Figure  17-b, 
chmcteiistic  of  partial  melting,  clearly  demonstrates  that  T4  is  the  solidus.  Further  evidence  is 
provided  by  Figure  IS  which  shows  t^t  the  amount  of  beta  phase  increases  and  the  amount  of 
gamma  phase  decreases  with  increasing  temperature  above  T3,  suggesting  that  T4  corresponds 
to  a  y  — >  P  +  L  peritectic  reaction. 

Summarizing,  independent  of  TIB2  content,  it  is  proposed  that  heating/cooling  of  Ti-48  Al- 
2Nb-2Mn  results  in  the  following  transformations: 

T1  T2  T3  T4 

0247 - >  a4y - >  a+P4y - >  P+y - >  p+L. 

Although  the  introduction  of  Ti^  does  not  alter  the  sequence  of  phase  transformations 
observed  in  Ti-48Al-2Nb-2Mn,  it  does  alter  the  U:ansformation  temperatures.  In  addition,  the  TiB2 
morphology  is  a  function  of  both  solidification  rate  and  the  volume  percent  introduced.  In  the 
XD“  process,  TiB2  is  introduced  as  blocky  particles  utilizing  a  TiB2-Al  master  alloy.  However, 
the  TiB}  observed  in  the  as-cast  and  HIP’ed  Ti-48Al-2Nb-2Mn  ingots  appears  with  a  lacey, 
needle-like,  or  blocky  morphology.  Moreover,  when  TiBj  has  a  blocky  morphology,  its  size 
differs  from  that  in  the  master  alloy[8].  This  suggests  that  the  diboride  phase  has  redissolved 
during  XD^  processing,  with  subsequent  re-precipitation  during  solidification.  On  this  basis,  in 
a  maimer  similar  to  that  associated  with  solidification  of  binary  H-Al  containing  varying 
elemental  boron  concentrations,  the  blocky  and  needle-like  morphologies  correspond  to  primary 
TiBj  formed  prior  to  the  nucleation  of  any  metallic  phase  [10]  whereas  the  lacey  particles  are 
secondary  borides  which  grow  concurrently  with  the  metallic  phases  and  are  therefore  constrained 
during  solidification.  Whether  lacey,  needles  or  blocky  borides  develop  depends  upon  how  far 
the  alloy  composition  is  from  the  L  — >  M  +  TiB2  monovariant  line[10].  Hyman’s  analysis  for 
ternary  H-Al-X  correlates  well  with  the  current  microscopy  results  which  illustrate  the  lacey  to 
needle  to  blocl^  morphology  evolution  with  increasing  boron  matrix  supersaturation.  It  also 
explains  the  effect  of  TiB2  content  on  the  grain  size.  When  the  boron  content  in  the  matrix  is 
such  that  only  secondary  borides  precipitate,  the  metallic  phase  solidifies  first  and  the  grains, 
growing  unhindered  by  particles,  are  similar  to  those  found  in  an  unreinforced  matrix.  For 
example,  'n-48Al-2Nb-2Mn  +  0.5  %  TiBj  displays  a  lacey  diboride  phase,  i.e.,  secondary 
diborides,  and  a  columnar  grain  structure  similar  to  the  unreinforced  material.  With  an  increase 
in  the  boron  content,  primary  diborides  precipitate  and  become  nucleation  sites  for  metallic  phase 
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solidification,  yielding  a  small  grain  size.  Therefore  Ti-48Al-2Nb-2Mn  +  1,  2  and  7  %  TiBj 
display  needle-like  or  blocky  diboride  particles,  i.e.,  primary  diborides,  and  have  a  refined  grain 
size  when  compared  to  Ti-48Al-2Nb-2Mn  and  Ti-48Al-2Nb-2Mn  +  0.5  %  TiBj. 

The  redissolution  of  the  TiBj  particles  suggests  that,  rather  than  the  TiB,  content  itself, 
the  elemental  boron  content,  and  by  extension  the  total  interstitial  content,  is  the  primary  factor 
that  must  be  considered  when  examining  the  variations  of  solid-state  transformation  temperatures 
between  the  various  materials  in  this  study.  Figures  18  thru  20  illustrate  this  dependence  of  the 
observed  eutectoid,  peritectoid  and  peritectic  transformation  temperatures  on  total  (O+C+N+B+H) 
interstitial  content  It  was  assumed  in  this  analysis  that  the  room-temperature  solubility  of  boron 
in  Ti-48Al-2Nb-2Mn  was  approximately  100  wppm  (-350  appm),  recognizing  that  the  addition 
of  500  wppm  (-1750  appm)  boron  to  11-48 Al-2Nb-2Mn  leads  to  the  formation  of  TiBj  particles, 
indicating  that  the  boron  solubility  limit  had  been  exceeded[34].  It  should  be  noted  however  that 
although  this  may  be  an  overestimate  of  the  boron  solubility,  the  trends  shown  in  Figures  18  thru 
20  should  remain  unchanged. 

Figure  18  shows  that  as  total  interstitial  content  increases,  the  eutectoid  transformation 
(reaction  Tl)  temperature  increases,  in  agreement  with  Feng  at  al.[13].  This  effect  is  well-known 
in  the  case  of  oxygen[8,14-16],  a  very  potent  ocj-stabilizer.  Boron  atoms  have  been  shown  to 
occupy  octahedral  sites  in  TiAl[31],  precisely  the  same  sites  occupied  by  oxygen  atoms  and  the 
other  interstitials.  It  is  proposed  that  they  have  the  same  ocj-stabilizing  effect,  corresponding  to 
an  increase  of  the  eutectoid  temperature  of  6.7x10^  K/appm  interstitial  content 

By  contrast,  the  proposed  peritectoid  reaction.  Figure  19,  is  not  influenced  by  either  the 
interstitial  content  or  the  TiB,  volume  fraction,  possibly  because  of  the  sluggishness  of  this 
reaction. 

Finally,  Figure  20  shows  that  increasing  total  interstitial  content  initially  results  in  a  sharp 
decrease  in  the  peritectic  transformation  temperature,  the  rate  of  change  in  this  transformation 
temperature  however  decreasing  with  further  increase  in  total  interstitial  content 


Conclusions 


The  elevated  temperature  phase  stability  of  investment  cast  and  HEP’ed  near-gamma  Ti- 
48Al-2Nb-2Mn  containing  0, 0.5,  1, 2  and  7  vol.%  TiBj  involves  the  following  reversible  phase 
transformations; 

Oj+Y  — >  a+y  — >  a+P-Ky  — >  ^47  — >  P+L 

These  reactions  involve  a  low  temperature  eutectoid  transformation,  Oj  +  y  — >  ot,  a 
precipitation  reaction  leading  to  the  presence  of  the  P  phase,  a  high  temperature  peritectoid 
transformation,  a  — >  P  +  Y  and  finally  a  peritectic  y  — >  P  +  L  reaction. 

The  varying  Ti^  morphologies  observed  as  a  function  of  both  solidification  rate  and 
volume  percent  TiBj  show  diat  TiBj,  as  introduced  by  the  XD*"  process,  redissolves  before 
precipitating  during  subsequent  solidification.  Therefore,  rather  than  the  T1B2  content  per  se, 
elemental  boron  content,  and  by  extension  total  interstitial  content,  is  the  primary  factor 
influencing  the  differences  in  pha^  transitions  temperatures  observed  in  these  materials.  As  the 
interstitial  content  increases,  the  eutectoid  transformation  temperature  increases,  the  peritectoid 
transformation  temperature  is  not  affected  and  the  peritectic  transformation  temperature  decreases. 
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Table  1 


ALLOYS  COMPOSITIONS  (AT%) 


i 


ALLOY 

Oj 

piHn 

N, 

ppm 

H, 

piHn 

C 

ppm 

A1 

Nb 

Mn 

TiBj 

vol% 

(at%  B) 

NMO 

1290 

120 

115 

310 

48.1 

2.0 

1.4 

0 

NM0.5 

1280 

80 

115 

390 

47.4 

2.0 

1.7 

0.5 

(0.69) 

NMl 

1275 

115 

115 

270 

47.0 

1.9 

1.6 

1 

(1.44) 

NM2 

1325 

115 

115 

265 

47.4 

2.0 

1.6 

2 

(2.98) 

NM7 

1420 

580 

580 

545 

46.9 

1.8 

1.5 

7 

(10.07) 

Note;  all  values,  unless  otherwise  indicated,  are  in  atomic  percent 


i 


i 
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Table  2 

EQUnjBRIUM  TRANSFORMATION  TEMPERATURES  (K) 


HEATING 

HEATING 

HEATING 

COOLING 

COOLING 

COOLING 

T1 

T2 

T3 

T4 

T3 

T2 

T1 

onset 

onset 

onset 

onset 

onset 

onset 

complete 

complete 

ccxnplete 

complete 

comptete 

complete 

NMO 

■ai 

1536 

1623 

1690 

MM 

WEM 

1623 

1^ 

■sH 

NM0.5 

1470 

■gn 

1626 

1677 

MM 

1621 

WEM 

1498 

1659 

■H 

1584 

NMl 

1468 

1513 

1620 

1670 

1628 

1615 

1485 

1486 

1620 

1661 

1605 

1590 

1468 

NM2 

1475 

— 

1625 

1666 

1633 

1611 

1490 

1656 

1604 

1590 

NM7 

1545 

MM 

1664 

1644 

MM 

MM 

tm. 

1630 

■EH 

1619 

■HI 

Note:  these  values  were  obtained  by  extrE^wlating  results  Enm  experiments  at  3  different  heating/cooling  rates  to  a 
beating/cooling  rate  of  0  K/min.  The  impreciskm  due  to  this  iy)inoximaiion  along  with  the  thermocouple  imprecision 
at  these  temperatures  lead  to  an  error  of  ±  6  K. 
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Table  3 

SUMMARY  OF  OBSERVED  DIFFRACTION  PEAKS 
IN  Ti-48Al-2Nb-2Mn  +  7  vol.%  TiBj  AT  ROOM  TEMPERATURE  • 


OBSERVED 

Os 

Y 

■Unj 

26 

(hkl)  20 

(hkl)  20 

26 

21.82 

1 

(001) 

21.77 

26.31 

(101) 

26.10 

27,70 

27.60 

31.65 

(101) 

31.58 

34.10 

34.14 

38.58 

(111) 

38.69 

44.25 

(002) 

44.38 

45.12 

(200) 

45.27 

65.34 

(202) 

65.26 

77.91 

(222) 

77.86 

79.23 

(311) 

79.16 

As  obtained  from  JCPDS  card  35-741. 


Figure  1.  Optical  Micrographs  of  Ti-48Al-2Nb'2Ma  Illustrating  (a)  Columnar  Grain  Structure  and 
(b)  Microstructuie  Consisting  of  Equiaxed  y  Grains,  [G],  and  (ocj  +  y)  Lamellar  Colonies,  [L]. 
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jFigure  3.  Transmissioii  Electron  Micrograph  Showing  (a)  Lamellae  at  Room  Temperature 
in  Ti-48Al-2Nb-2Mn  and  (b)  Corresponding  Selected  Area  Diffraction  Pattern  Showine 
{022}//(0001)  and  <01 1>//<21 10>. 


Figure  4.  Themograms  of  Ti-48Al-2Nb-2Mn  on  (a)  heating,  (b)  on  cooling  at  20  K/rain 
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Figure  5.  X-ray  Spectra  at  Selected  Temperatures  for  Ti-48Al-2Nb-2Mn  (•  Oj,  o  a,  ■  v  y). 


Figure  6.  Enlarged  Portion  of  Ti-48Al-2Nb-2Mn  X-Ray  Scan  at  1523  K  Illustrating  Emergence 
of  (1  1  0)p  Peak. 
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Tempvratur*  (K) 
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i  Figure  7.  Ratio  of  the  Integrated  Intensities  of  the  (UO)  p  Peak  and  (201)  a  Peak  to  the  (1 1 1) 

Y  Peak  as  a  Function  of  Temperature  for  Ti-48Al-2Nb-2Mn. 


i 


If  98, 
- htOO 


Ti-4SAl-2Nb-2Mn  >  7  voL  pet.  T iBt  at  room  temperature 


^  Ro^-Temperature  X-Ray  Scans  for  ri-48AI-2Nb-2Mn  Containing  (a)  0.5  vol.%  TiB 
(b)  1  vol.%  T1B2,  (c)  2  vol.%  TiBj,  and  (d)  7  vol.%  TiBj  (•  a,,  v  y,  I  TiB,). 


o  ^ 

:  ^ 


gure  9.  Optical  Micrographs  Illustrating  Grain  Structure  in  Ti-48Al-2Nb-2Mn  Containing  (a) 

5  voL%  T1B2.  G))  1  vol.%  ’nB2,  (c)  7  vol.%  1182,  and  (d)  7  voL%  TiB2  (1/4  cross-sectional 
area  shown). 


Figure  1 1 .  Transmission  Electron  Micrograph  Showing  (a)  (ccj+y)  Lamellae  at  Room-Temperature 
in  ri-48Al-2Nb-2Mn  +  7  vol.  %  TiBj. 


Figure  12.  Transmission  Electron  Micrograph  of  ri-48Ai-2Nb-2Mn  +  7  vol.  %  TiB,  Showing 
Dislocation  Substructure  Around  TiBj  Particle. 
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Figure  13.  Thermograms  of  Ti-48Al-2Nb-2Mn/l  vol.  %  TiBj  on  (a)  heating,  (b)  on  cooling  at 
20  K/min. 
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Figure  14.  X-ray  Spectra  at  Selected  Temperatures  for  Ti-48Al-2Nb-2Mn  +  7  vol.%  TiBj  (•  a, 
o  a,  ■  p,  V  Y)- 
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Figure  15.  Integrated  Intensities  of  (201)  a-Peak,  (110)  p-Peak  and  (111)  y-  Peak  as  a  Function 
of  Temperature  for  Ti-48Al-2Nb-2Mn  +  7  vol.%  TiBj. 


Figure  16.  Room-Temperature  X-Ray  Scan  for  Ti-48Al-2Nb-2Mn  after  Homogenization  for  5 
Hours  at  1675  K  and  Water  Quench  (•  Oj,  ■  p,  v  y). 


Figure  17.  Comparison  of  (a)  As  Cast  and  HIP’ed  and  (b)  Partially  Melted  CDTA  Samples  of 
ri-48Al-2Nb-2Mn  +  2  vol.%  TiB^. 


Figure  18.  Eutectoid  Transformation  Temperature  as  a  Function  of  Total  Interstitial  Content  for 
Ti-48Al-2Nb-2Mn/TiB2  Alloys. 
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Bguie  19.  Peritectoid  Transformation  Temperature  as  a  Function  of  Total  Interstitial  Content  for 
Ti-48Al-2Nb-2Mn/TiB2  Alloys. 
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jre  20.  Peritectic  Transformation  Temperature  as  a  Function  of  Total  Interstitial  C 
18AI-2Nb-2Mn/TiBj  Alloys. 
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Arc  melted  and  cast  microstructures  of  Ti-Al-V  alloys  containing  10  to  57  wt%  A1 
and  4  to  46  wt  %  V  have  been  characteriKd  by  optical,  scanning  (SEM),  transmission 
electron  microscopy  (TEM)  and  room  temperature  X-ray  diffraction  (RTXD).  Chemical 
compositioos  of  the  phases  present  have  been  determined  by  energy  dispersive  X-ray 
(SEM-EDX),  these  results  being  utilized  to  plot  a  tentative  non-equilibrium  liquidus 
projection  of  the  Tl-Al-V  system.  Five  ternary  peritectic  reactions  have  been  shown  to  be 
represented  within  the  liquidus  ptojectiotL  Finally,  these  observations  have  been  utilized 
to  establish  die  solidificadon  sequences  of  the  H-Al-V  alloys  considered. 

Intnwiiictifln 

H-Al-V  alloys  have  made  a  major  contribution  to  aerospace  engineeting,  most 
notably  the  long  established  a-i-P  alloy  ‘I1-6A1-4V.  Subsequent  alloy  development  has 
resulted  in  the  formulation  of  two  new  alloys  based  on  this  system,  Tl-10V-2Fe-3Al  and 
'n-15Al-3Al-3Cr-3Sn  (all  compositions  in  this  paper  are  in  wt%  unless  otherwise  stated). 
Mote  recendy  there  has  also  been  a  renewed  interest  in  titanium  alutninides,  T1,A1  (ot,)  and 
HAl  (y),  where  additions  of  ^  isomorphous  elements,  e.g.,  V  and  Mo  have  been  made  to 
modify  the  (axiperties  of  both  a.  and  y  titanium  aluminides.  In  each  instance  knowledge  of 
the  phase  equilibria  is  essendaL  The  phase  stability  of  a,  Oj  and  y  phases  with  V  has  been 
studied^*^  at  temperatures  between  873  K  to  1473  K.  The  works  of  Tsujimoto^  and 
Maeda^  were  concentrated  on  H  rkh  alloys  whereas  Hashimoto^  and  Paruchuri  and 
Massalski^  incorporated  A1  and  V  rich  alloys.  In  the  former  study,^  the  isothermal 
sections  were  established  at  temperatures  of  1073  K  and  1273  K  whereas  results  at  1 173 
K  were  presented  by  Paruchuri  and  MassalskL^  In  a  recent  study  by  the  authors,^*^  the 
phase  stability  of  Tl-Al-V  alloys  containing  (x,  Y>  Al,Vj(5)  phases  has 

been  determir^  at  temperatures  of  1473, 1 173, 1073, 973  and  873  K  while  Chaudhry  and 
Kack^9  determined  the  phase  equilibria  of  alloys  containing  a,,  y  and  |3  phases  between 


4-paper  to  be  published  in  Materials  Science  and  Technology. 
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temperatures  of  873  K  to  1773  K  utilizing  high  temperature  X-ray  diffraction  (HTXD) 
and  differential  scanning  calorimetry  (DSC). 

In  earlier  studies,  the  as-cast  microstructures  of  the  alloys  utilized  were  not 

characterized.  However,  the  as-cast  microstructures  (especially  of  A1  and  V  rich  alloys) 
affect  the  microstructures  observed  after  subsequent  equilibration  treatments.^  Therefore, 
it  is  important  to  characterize  the  as-cast  microstructures  and  (fetermine  the  primary 
leases  of  solidification. 

The  liquidus  surface  in  the  H-Al-V  system  is  related  to  the  associated  binary 
invariant  reactions.  It  has  been  shown  by  McCullough  et  al.^^  that  the  a  phase  is  involved 
in  two  peritectic  reactions  L+^-kx  and  L-kx-^  in  the  Ti  rich  end  of  the  H-Al  binary 
system.  Kaltenbach  et  al.^^  have  determined  two  other  peritectic  reactions  in  alloys 
containing  55  to  70  wt%  Al.  These  peritectic  reactions  are  L+y->^  and  L+^->4i,  the  ^ 
phase  having  a  tetragonal  structure  based  on  HjAl,,  with  lattice  parameters  n=0.3917  nm 
and  ^3.4440  nm.^^  the  phase  having  a  tetragonal  structure  based  on  T1AI3,  an  ordered 
superstructure  (based  on  UgAl^^)  having  been  reported  at  lower  temperatures  with 
lattice  parameters  a=0.3849  nm  and  c=:3.4440  nm.^^  Two  binary  peritectic  reactions  in 
the  Al-V  system  of  type  L+P-48  and  L+8->^  have  been  reported,  the  5  phase  having  a 
supetlatdce  relationship  of  ‘iofsa^  (with  bcc  crystal  structure  based  on  Al,Vj  and 
(p=Q.9Qffl  nm).  ^  has  a  face  centered  tetragonal  structure  based  on  VAl,  with  lattice 
parameters  asO.5343  nm  and  c=0.8324  nm.^^  Finally,  no  liquid  phase  invariant  reactions 
have  been  reported  in  the  Ti-V  binary  system. 

The  purpose  of  this  paper  is  to  establish  the  liquidus  projection  of  the  Ti-Al-V 
system  and  to  utilize  these  results  to  examine  the  solidification  behavior  of  arc  melted  and 
cast  Ti-Al-V  alloys  containing  10  to  57  wt%  Al  and  4  to  46  wt%  V.  The  as-cast 
microstructures  were  characterized  by  optical,  scanning  (SEM),  transmission  electron 
microscopy  (TEM)  and  room  temperature  X-ray  diffraction  (RTXD),  the  chemical 
compositions  of  these  phases  being  determined  by  energy  dispersive  X-ray  (SEM-EDX). 

EMUCTiinaital 

High  purity  sponge  titanium  (99.6%),  vanadium  turnings  (99.7%)  and  cast 
alumuiium  (99.999%)  were  used  for  alloy  preparation.  Thirty  (30)  grams  button  were 
prepared  from  these  with  an  accuracy  of  ±0.0005  g.  The  materials  were  melted  in  an 
argon  arc  furnace  using  a  non  consumable  tungsten  electrode  on  a  water  cooled  copper 
hearth,  the  alloys  being  reraelted  six  times,  the  button  being  inverted  after  each  melt  in 
order  to  ensure  homogeneity.  Average  weight  loss  through  melting  was  0.38%,  the 
maximum  weight  loss  in  a  few  high  aluminium  alloys  being  0.96%,  the  nominal 


compositions  of  ternary  alloys  prepared  being  given  in  Table  1.  The  cooling  rates  of 
alloys  solidified  in  a  water  cooled  copper  hearth  usually  lie  between  10-100“C/s.  The 
oxygen  contents  of  selected  homogenized  alloys  1  to  24  lay  between  800  to  1500  ppm, 
whereas  the  oxygen  contents  of  alloys  25  to  35  were  between  300-600  ppm. 

The  as-cast  samples  were  mechanically  polished  with  SiC  paper,  polished  with  7tun 
alumina  and  then  electropolished  or  fine  polished  with  2  and  0.1  pm  alumina.  For  optica! 
microscopy  the  polished  samples  were  etched  in  a  solution  of  3%  HF,  10%  HNO3  in  H3O 
by  volume.  These  samples  were  also  used  to  distinguish  different  phases  by  back  scattered 
electron  imaging  (BEI)  in  a  JEOL  JSM-T200  (25  kV)  scanning  electron  microscope.  The 
chemical  compositions  of  the  phases  present  in  the  as-cast  alloys  were  determined  by 
SEM-EDX,  electropoUshed  samples  being  examined  in  BEI  or  SEl  (secondary  electron 
imaging)  mode  in  a  JEOL  JSM-35CF  (20  kV)  instrument  with  Link  System  ZAF4 
software. 

SEM-EDX  chemical  analyses  were  carried  out  for  alloys  with  the  dendritic 
microstructures  only,  these  microstructures  being  observed  in  alloys  containing  >32  wt% 
Al.  The  remainder  of  the  alloys  had  either  solidified  with  a  dominantly  single  phase 
microstructure  or  contained  small  amounts  and  sizes  of  other  phases,  as  described  below, 
the  latter  being  below  the  spatial  resolution  of  the  chemical  analysis  system.  The  error  in 
the  results  of  the  chemical  analysis  was  observed  to  be  in  the  range  of  ±0.5  wt%. 

Further  more  detailed  analysis  of  the  as-cast  microstructures  utilized  TEM  and 
RTXD.  Transmission  electron  microscopy  was  carried  out  on  a  JEOL  2000  FX  (200kV), 
electropolishing  of  both  TEM  and  optical  sp^imen  using  a  soluticm  of  10%  sulfuric  acid 
and  90%  methanol  by  volume. 

Finally,  room  temperature  X-ray  diffraction  studies  of  the  electropolished  samples 
were  carried  out  with  a  Phillips  diffractometer  (Cu  Ka  radiation  at  40  kV  and  40  mA),  the 
^)ecimens  being  scanned  at  a  speed  of  T  26/min  and  r  29/min  from  20°  to  130°  26.  The 
crystal  structures  of  the  phases  present  was  confirmed  by  using  an  iterative  computer 
program  which  fits  the  observed  d  spacing  values  to  a  prescribed  crystal  structure. 

Results 

Mkrostructurcs 

Representative  microstructures  are  shown  in  Hgs.  1  to  8  with  the  phases  present  in 
the  as-cast  alloys  summarized  in  Table  1.  In  this  table,  the  phases  are  listed  in  order  of 
decreasing  volume  fraction,  the  phase  at  the  extreme  left  of  the  column  having  the  highest 
volume  fraction. 
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Non-Dendritic  Microstructures 

Alloy  1  is  typical  of  those  alloy  compositions  (alloy  1  to  8)  exhibiting  a  ^  as-cast 
microstnicture.  Fig.  1(a).  All  as-cast  ^  microstructures  had  a  large  2-3  mm  equiaxed  grain 
size,  these  alloys  having  solidified  as  0  and  undergoing  a  ^  to  ^  ordering  transformation 
during  cooling  (as  confirmed  by  the  superlattice  peaks  in  the  X-ray  diffraction  patterns 
(XRDPs)). 

Figs.  1(b)  and  (c)  of  alloys  9  and  10  typify  the  as-cast  microstructures  where 
(X,  was  inedominant  at  ambient  temperatures.  The  (Xj  plates  are  observed  at  the  prior  ^ 
grain  boundaries,  these  plates  having  nucleated  heterogeneously  at  ^  grain  boundaries 
after  solidification.  Further  cooling  then  results  in  homogenous  nucleation  of  04  within  the 
^  matrix,  the  primary  difference  in  the  microstructuies  of  these  alloys  being  the  finer  Oj 
plates  observed  in  the  latter  [Fig.  1(c)]. 

At  low  V  contents,  e.g.  alloy  11,  the  as-cast  microstructure  consists  of  a,  lath 
colonies  with  no  apparent  dendritic  pattern  [Fig.  1(d)].  XRDP  of  this  alloy  shows  only 
one  {110}^  peak  implying  that  the  ^  (transformed  to  ^  upon  subsequent  cooling)  is 
present  between  the  (Xj  laths.  Fig.  1(e)  exhibits  the  as-cast  microstructure  of  the  alloy  12 
which  cmisists  of  coarse  plates  of  (Xj  present  in  a  Widmanstatten  morphology,  the  coarse 
micTostructure  being  the  result  of  a  solid  state  [1  to  a  transformation  at  very  high 
temperature.  Comparison  of  these  alloys  indicates  that  increasing  V  content,  at  constant 
A1  or  increasing  A1  content  at  constant  V,  results  in  a  refinement  of  the  (x,  platelets,  with 
Qc,  precipitation  occurring  by  initial  heterogeneous  ^  grain  boundary  nucleation. 

Fig.  2(a)  typifies  the  as-cast  microstnicture  of  ^-kXj  alloys  where  ^  is  the 
inedominant  phase  at  ambient  temperatures.  Alloys  13,  14  and  IS  show  similar 
microstructures.  Here  a,  plates  are  present  at  the  prior  ^  grain  boundaries  with  a  much 
low  concentration  of  oc,  within  the  grains.  Again  these  alloys  solidified  as  ^  with 
precipitation  taking  place  at  lower  temperatures. 

The  microstnicture  of  alloys  16  and  17  is  shown  in  Fig.  2(b).  The  miciogiaph 
exhibits  a  high  concentration  of  fine  (Xj  plates  at  prior  ^  grain  boundaries  with  a  lower 
concentration  within  the  grains.  XRDPs  of  these  alloys  show  intense  ^  peaks  along  with 
relatively  weaker  ocj  and  y  peaks.  These  alloys  also  solidified  as  P,  with  progressive 
precipitation  of  oc,  and  y  with  decreasing  temperature. 

Alloys  18  and  19  share  a  similar  as-cast  microstnicture,  an  example  being  shown  in 
Fig.  2(c).  The  microstnicture  is  predominantly  04  with  ^  interspersed.  XRDPs  of  these 
alloys  indicate  the  presence  of  Oj  and  ^  phases,  XRDP  of  alloy  18  also  indicating  the 
presence  of  y.  This  suggests  that  y  may  also  be  present  in  alloy  19,  however  its  volume 
fraction  is  very  low,  below  the  resolution  of  the  X-ray  diffraction  system. 
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The  as-cast  microstructure  of  alloy  20  contains  lenticular  y  plates  in  a  primary  P 
matrix,  Hg.  3(a).  Alloy  21  shows  a  lamellar  ajy  lamellar  microstructure,  according  to  X- 
ray  diffraction  studies,  with  y,  being  a  majority  phase.  This  alloy  solidified  as  P  and  then 
transformed  to  a  (Xj+y  lamellar  product  [Fig.  3(b)].  The  as-cast  microstructure  of  alloys 
22  and  23  are  typified  in  Fig.  3(c).  This  partially  dendritic  structure  consists  of  oc,  laths 
separated  by  a  few  y  laths.  Again  these  alloys  solidified  as  p  and  transformed  to  ocj-t-y  on 
cooling. 

Dendritic  Microstructures 

The  dendritic  microstructures  observed  in  Ti-Al-V  alloys  are  typified  by  the  SEM- 
BEI  micrograph  of  alloy  24.  Fig.  4(a).  In  this  alloy  lamellar  y  and  oc,  phases  are  observed 
within  dendrites  and  P  phase  within  the  inter  dendritic  region,  the  lamellar  y  and  oc,  phases 
morphology  in  the  former  having  been  verified  by  XRD  and  TEM  studies.  Fig.  4(b).  A 
SADP  from  the  ynx,  lamellar  area  in  the  dendrites  is  shown  in  Fig.  4(c),  the  standard 
orientation  relationship  between  the  a,  and  y  lamellae  being  observed,  i.e., 
(OOOl)otjl  I  {lll}y  and  UllOlOjI  |<110>y.  TEM  also  confirms  the  presence  of  the  P 
phase  in  the  interdendritic  region,  Rg.  4(d).  It  is  believed  that  this  alloy  initially  solidified 
as  a,  the  liquid  between  dendrites  finally  having  solidified  as  p.  During  solid  state  cooling, 
the  a  phase  in  the  dendrites  was  transformed  to  alternate  otj  and  y  lamellae  via  the 
eutectoid  reaction  a-^+y.  The  chemical  compositions  of  (x,.  P  and  y  phases  determined 
by  thin  foU  analysis  (TEM-EDX)  were  Ti-35.2A1-25.5V,  Ti-24.5A1-51.6V  and  Ti-36.7A1- 
19.6V,  respectively. 

Alloys  25  thru  28  exhibit  dendritic  as-cast  microstructures.  Figs.  5(a)  to  (d).  XRDPs 
of  alloys  show  the  presence  of  strong  y  peaks  and  weak  Oj  peaks.  While  the  dendritic 
regions  again  consist  of  lamellar  y  and  04  phases,  the  final  liquid  phase  in  these  alloys 
solidified  was  y.  In  addition,  the  secondary  dendrite  arms  within  the  dendritic  region 
^pear  to  have  grown  at  an  angle  between  50°  to  70°  to  the  primary  arms.  Similar  types 
of  hexagonal  dendrites  were  observed  by  McCullough  et  al.l0»^5,l6  anq  Huang  and 
Siemersl7  in  Ti-36A1  (Ti-50A1  at%),  ri-39.8Al  (Ti-54A1  at%)  and  Ti-40.8A1  (Ti-55A1) 
binary  alloys,  by  Wardle^^  Ti-37.9A1  (Ti-52A1  at%)  and  ri-37.8Al-4.1V  (ri-52Al-3V 
at%)  alloys  and  by  Hashimoto  et  al.^^  in  11-37.9  (Ti-52A1  at%)  A1  alloy.  In  conformity 
with  these  authors,  it  is  believed  that  alloys  25  thru  28  solidified  as  a  through  a  peritectic 
reaction  L+a->y  with  nucleation  of  y  in  the  liquid  present  between  the  dendrites,  the 
primary  a  present  within  the  dendrites  then  transforming  to  y  and  cx,  lamellae. 

Fig.  6(a)  shows  the  as-cast  microstructure  of  alloy  29.  Orthogonal  dendrites 
composed  of  lamellar  y  and  Oj  phases  with  a  small  amount  of  P  present  in  the  center  of 
dendrites  are  observed.  This  separation  suggests  that  the  alloy  initially  solidified  as  p.  the 
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a  phase  then  nucleating  in  the  liquid  surrounding  the  P  dendrites  through  a  peritectic 
reaction,  effectively  masking  the  primary  ^  dendrites.  Similar  orthogonal  ^  dendrites  were 
observed  by  Huang  and  Siemers*”^  in  as-cast  structures  of  binary  'n-32.4Al  (Ti-46A1  at%) 
and  by  McCullough  et  aL  16  jn  binary  T1-27.3A1  (Ti-40A1  at%)  and  Ti-31.6A1  (Ti- 
4SA1  at%)  alloys.  In  the  last  stage  of  solidification  the  remaining  liquid  present  between 
the  a  dendrites  solidified  as  y,  a  present  in  the  dendrites  then  transforming  to  a  lamellar 
mixture  of  ynx,. 

The  as-cast  microstructure  of  alloy  30  is  amilar  to  alloy  29.  Fig.  6(b),  the  only 
difference  being  the  presence  of  5  phase  instead  of  a,.  Indeed,  XROP  confirms  the 
presence  of  5,  y,  and  p  phases.  This  micrograph  also  shows  that  the  dendrites  are 
composed  of  a  lamellar  mixture  of  5+y,  the  primary  ^  phase  once  again  being  coated  by  8 
phase  during  solidification,  y  is  the  last  phase  to  solidified  with  the  5  dendrites 
transfOTming  to  a  lamellar  mixture  of  &fy. 

Alloys  31,  32  and  33  share  similar  as-cast  microstructures.  Figs.  7(a)  to  (c).  X-ray 
studies  of  aU  alloys  show  the  presence  of  5,  y,  and  ^  phases,  with  transforming  into 
ordered  superstructure  during  cooling.  hi  contrast,  the  S  and  y  phases  are  present  as 
lamellae.  The  liquid  present  between  the  dendrites  is  observed  to  solidify  via  an  eutectic 
reaction  L->4,+S,  as  the  matrix  with  small  second  phase  particles  of  5.  Further 
evidence  that  the  eutectic  reaction  involves  formation  of  is  provided  combined 
area  analysis  carried  out  by  SEM-EDX.  Tlie  combined  composition,  e.g.  in  alloy  32,  is 
determined  to  be  'n-54.2Al-29V,  whereas  the  matrix  has  composition  'n-56.5Al-25V.  It 
is  found  that  the  second  eutectic  phase  has  more  V  as  compared  to  matrix  phase,  which 
is  consistent  with  the  composition  of  the  8  phase.  This  agrees  with  the  BEI  contrast  of 
this  phase,  compare  Hg.  7(a)  with  (c). 

Alloys  31  thru  33  solidified  as  p  followed  by  nucleadon  of  8  through  a  peritectic 
reaction.  Ultimately  y  nucleates,  probably  through  a  second  peritectic  reaction,  the 
remaining  liquid  solidifying  as  a  eutectic  mixture  of  the  8  phase  in  the  dendrites  tl^n 
transforming  to  a  lamellar  S^y  mixture.  The  amount  of  primary  ^  phase  in  alloy  33  is  low 
(XRDP  of  this  alloy  shows  a  very  weak  { 1 10)^  peak)  and  below  the  detection  limit  of  the 
SEM  during  the  EDX  analysis  [Fig.  7(c)].  The  volume  fraction  of  y  phase  nucleating  in 
die  remaining  liquid  is  larger  in  alloy  33  than  in  alloys  3 1  and  32,  while  the  volume  firaction 
of  the  primary  ^  phase  is  higher  in  alloy  31,  Fig.  7(a).  Comparing  the  as-cast 
microstructures  of  alloys  31  thru  33,  shows  that  the  lamellar  structure  of  5+y  and  "finger 
print"  structure  of  the  eutectic  coarsens  with  increasing  A1  content  from  42  to  48  wt%  A1 
and  decreasing  V  content  from  46  to  32  wt%. 


Rg.  8(a)  shows  a  SEM-BEI  micrograph  of  the  as-cast  microstructure  of  alloy  33. 
This  as-cast  microstructure  is  composed  of  primary  solidified  ^  with  peritectically 
solidified  5  phase,  the  last  solidified  liquid  being  composed  of  ^  phase.  The  micrograph 
also  reveals  very  fine  particles  of  a  transformation  product  present  in  the  P  phase. 

Rnally,  Rg.  8(b)  represents  an  optical  micrograph  of  alloy  35.  This  two  phase 
dendritic  structure  is  a  mixture  of  and  6. 

raspiigrfnn 

LiquMiis  ProiwtiQn 

The  results  of  this  study  permit  construction  of  the  liquidus  projection  of  the  H-Al- 
V  system.  Fig.  9.  (Chemical  compositions  of  the  different  phases  present  are  indicated  on 
the  diagram  and  joined  by  tie  lines.  In  this  proposed  diagram,  the  primary  solidification 
phases  are  P,  a,  y.  S,  ^  and  C  fhe  ^  liquidus  surface  is  shown  to  cover  the  largest 
area  in  the  liquidus  projection  while  the  a  liquidus  surface  extends  to  30  wt%  V.  The 
extension  of  the  a  liquidus  surface  to  a  high  V  contents  of  30  wt%  is  due  to  the  relatively 
fast  cooling  during  arc  melting.  A  similar  large  a  surface  was  also  observed  in  Ti-Al-Ta 
system  where  arc  melted  alloys  of  compositions  up  to  71-26A1-50.8T  showed  hexagonal 
dendrites.20  However,  it  has  been  observed  in  HTXD  study  of 'n-34Al-2.3V  (Ti-48A1-2V 
at%)2l  and  Ti-33.3Al-2.8Mn-4.8Nb  ai-48Al-2Mn-2Nb  at%)22  alloys  that  slow  heating 
of  these  compositions  results  in  a  phase  field  iimnediately  below  the  solidus.  This 
implies  that  under  equilibrium  conditions  the  per^tration  of  the  a  liquidus  surface  does  not 
extend  beyond  S  wt%  V.  HTXD  studies  of  other  Tl-Al-V  alloys  in  this  phase  field  is 
currently  underway  to  determine  the  extent  of  this  surface.  Rnally,  the  y  liquidus  surface 
is  also  extended  to  30  wt%  V  content  but  it  is  wider  than  the  a  liquidus  surface. 

Binary  peritectic  reactions  present  in  related  binary  systems  as  denoted  by  Pj  are: 


p. 

L+P— >6 

1946  K  (Ref.  14) 

Pa 

L-^P->a 

1748  K  (Ref.  10) 

P3 

L-mx-^ 

1723  K  (Ref.  10) 

P4 

1688  K  (Ref.  11) 

P5 

L+C->4, 

1668  K  (Ref.  11) 

P6 

L+5— 

1635  K  (Ref.  14) 

Rve  ternary  peritectic  reactions  are  indicated  within  the  diagram.  These  peritectic 
reactions,  U;,  and  their  approximate  temperatures  (estimated  with  the  aid  of  the  binary 
peritectic  temperatures)  are: 

U,  L-hx->^  1723>T^1673  K 

Uj  1668>T>1633K 
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Uj  L+P-4Y+^  1663  K  (Ref.  23) 

U4  1633>T>1573  K 

Uj  L+6-^,+^  1633>T^1573  K 

Paruchuri  and  Massalski^  recently  detennined  a  liquidus  projection  of  li-Ai-V 
system  utilizing  alloy  compositions  centered  around  reactions  U,,  U,  and  U4.  While  there 
is  a  general  agreement  between  the  {ximary  phases  observed  by  these  authors  with  the 
I»esent  study,  however,  compositions  'n-50Al-30V,  ’n-50Al-40V  and  'n-55.5Al-37.4V 
were  shown  by  Paruchuri  and  Massalski  to  have  ^  as  their  i^ary  phase.  In  the  present 
liquidus  projection  these  compositions  are  located  on  the  S  liquidus  surface  with  the  first 
two  compositions  however  being  very  close  to  the  line  PiU,.  'This  discrepancy  can  be 
explained  by  the  fact  that  the  positions  of  lines  PfUj  and  P^Uj  in  the  present  study  were 
determined  utilizing  the  P|  and  P«  cmnpositions  from  the  binary  Al-V  diagram  determined 
by  Carlson  et  al..^^  'These  compositions  in  the  recent  estimated  Al-V  diagram  by 
Murray^  are  Ti-42.5V  and  Ti-23.5V  respectively.  In  both  diagrams  the  compositions  of 
points  P,  and  P«  are  estimated,  not  expoimentally  determined.  'Therefore,  the  positions  of 
lines  PtU}  and  P«U,  are  uncertain  and  are  suggested  as  the  reason  for  this  discrepancy. 

*1110  peritectic  reaction  results  in  a  OH-^  three  phase  field  and  was  observed 
experimentally  in  the  isothermal  section  at  1473  This  reaction  has  been  shown  to 
present  at  approximately  'n-4IAl-29V,  the  position  of  Ui  having  been  determined  on  the 
basis  of  the  as-cast  microstructuies  for  alloys  present  in  this  region. 

'The  format  of  reaction  U,  is  proposed  utilizing  binary  peritectic  reactions  P4  and  Pj. 
As  no  alloy  was  studied  in  this  composition  range,  the  position  of  this  reaction  is  tentative. 

Reactions  U,  and  U4  result  in  and  three  phase  fields.  'These  phase 
fields  were  also  observed  experimentally  in  the  isothermal  section  at  1473  'The 
formats  of  these  reactions  have  been  suggested  utilizing  optical  and  SEM-BEI 
micrographs  of  alloys  present  in  this  region.  'Tire  reaction  U,  was  also  shown  by  Volkova 
and  Kornilov^  at  apfX'oximately  1673  K  in  their  vertical  section  of  'll- Al-V  system. 
Hayes^  also  suggested  a  ^ilar  reaction  in  his  unpublished  partial  reaction  scheme  of  the 
Tl-Al-V  system  based  on  previous  experimental  results  of  this  system,  although  he 
suggested  a  different  U4  reaction,  Hayes'  U4  reaction  necessitates  the 

(Hesence  of  three  phase  field  at  lower  temperature,  however  the  presence  of  a 
tluee  phase  field  at  1473  K  has  been  confirmed  by  X-ray  results.'^ 

Paruchuri  and  Massalski^  presented  a  different  format  of  reactions  U3  and  U4, 
respectively.  'These  reactions  would  result  in  and  ^+4+S 
three  phase  fields,  again  these  phase  fields  have  not  been  observed  at  temperatures  >1273 
K,  three  phase  fields  present  at  higher  temperatures  being  yf^+fi  and  yf^,+5.^  'Three 
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phase  fields  Yt-P+4  ^d  ^+^+5  may  nevertheless  be  observed  at  temperatures  of  <1273  K, 
their  presence  being  a  product  of  a  ternary  peritectoid  reaction 

Finally,  no  indication  of  an  eutectic  type  reaction  was  observed  by  Paruchuri  and 
Massalski^  in  alloys  within  the  vicinity  of  these  ternary  reactions.  Unfortunately  these 
authors  did  not  mention  whether  the  microstructures  reported  were  from  as-cast  or  DTA 
melted  samples.  Thus  there  remains  a  possibility  that  the  slow  cooling  in  the  DTA 
samples  might  have  prevented  Otis  eutectic  reaction.  In  that  case,  the  eutectic  type 
reaction  observed  in  the  present  study  could  be  due  to  the  relatively  fast  cooling  during  arc 
melt  solidification,  effectively  suppressing  the  eutectic  temperature  to  a  sufficiently  low 
temperature. 

A  fifth  ternary  peritectic  reaction  U,  has  been  suggested  in  the  present  study.  In  the 
work  of  Paruchuri  and  Massalski,^  this  reaction  is  absent  because  they  considered  and 
^  as  a  single  phase.  However,  the  crystal  structure  of  ^  phase  present  in  alloy  34  is 
distinct  fix)m  Indeed,  the  presence  of  ^  requires  the  addition  of  reaction  Uj  within  the 
liquidus  projection.  In  the  liquidus  projection  determined  by  Paruchuri  and  Massalski,^ 
the  liquidus  line  from  point  U4  was  shown  to  move  towards  point  P^,  whereas  in  the 
present  liquidus  projection,  this  line  moves  towards  point  Uj,  in  the  A1  rich  direction,  Hg. 
9.  But  the  position  and  direction  of  the  liquidus  line  from  point  Uj  is  not  known  due  to 
lack  of  data  available  in  this  region.  Apparently  it  should  move  downwards  to  the  A1  rich 
comer  (as  suggested  by  a  broken  line  in  Hg.  9)  and  take  part  in  another  ternary  peritectic 
reaction  in  the  AI  rich  comer  due  to  the  presence  of  a  binary  eutectic  in  the  Al-V  side  and 
a  biliary  peritectic  in  the  Al-H  side.  Hayes’  unpublished  work^  also  indicates  the 
presence  of  reaction  U,  but  with  a  different  format 

Solidification  Paths  of  Altovs 

Before  examining  the  solidification  paths  of  the  prepared  alloys  it  is  emphasized  that 
the  alloys  have  undergone  non-equilibrium  cooling  during  preparation;  therefore,  these 
solidification  paths  should  not  be  considered  as  equilibrium  paths.  These  solidification 
paths  are  given  in  Table  2.  The  alloys  are  considered  according  to  their  primary  phase  of 
solidificatiofL 

Alloys  with  ^  Primary  Phase 

Reactions  I  thro  7  in  Table  2  represent  the  solidification  paths  of  alloys  with  ^  as  the 
primary  phase. 

Alloys  1  thro  8  only  unttergo  an  ordering  transformation  of  ^-4^2  following 
solidification,  reaction  1. 
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In  alloys  9  to  12,  the  addition  of  V  decreases  the  a  precipitation  temperature 
uldmalely  allowing  the  retention  of  ^  at  room  temperature  during  cooling.  The  a 
precipitation  takes  place  in  disordered  ^  at  higher  temperatures  and  is  followed  by  the 
ordering  of  both  a  and  P  to  or,  and  on  subsequent  cooling,  reaction  2.  According  to  the 
Ti-Al  binary  phase  diagram^^'^  compositions  of  25  to  27  wt%  A1  should  contain  an  o^-Hy 
microstructure.  The  absence  of  the  y  phase  in  alloys  9  to  12  could  be  due  to  non¬ 
equilibrium  solidification  and  shift  of  the  a/a4y  phase  boundary  in  the  A1  rich  direction 
with  V  additions  as  observed  in  the  isothermal  section  of  Ti-Al-V  diagram  at  1473 

In  alloys  13  to  15,  precipitation  talms  place  at  much  lower  temperatures  than  in 
alloys  9  thru  12  and  involves  direct  precipitation  of  Oj  from  ordered  Pj*  reaction  3. 

The  precipitation  of  a  takes  place  in  ordered  ^  (around  1373-1473  K)  on  cooling  in 
alloys  16  and  17  and  is  followed  by  the  nucleation  of  y  within  the  a  phase,  reaction  4. 

In  alloys  18  and  19,  the  precipitation  of  a  in  primary  disordered  ^  takes  place  at 
temperatures  between  api^oximately  1373-15(X)  K  with  y  precipitation  in  these  alloys 
fRObably  taking  place  at  lower  temperatures.  In  addition,  both  a  and  ^  undergo  further 
ordering  reactions,  reaction  5. 

The  result  of  X-ray  analysis  of  alloy  20  does  not  give  any  indication  of  ocj  phase 
(Table  1)  whidi  implies  that  the  y  has  precipitated  from  the  ^  {diase  and  this  composition 
does  not  encounter  the  ternary  peritectic  reaction  U,  L-fa-4^4y  proposed  in  Figure  9. 
The  p  phase  also  remains  disordered  at  room  temperature,  reaction  6. 

Hnally,  alloys  21  to  23  have  Oj  and  y  phases  in  their  as-cast  microstructures  (Table 
1)  with  a  precipitation  in  P  taking  place  at  high  temperatures  (1700-1740  K)  consuming 
the  P  phase.  The  a  transforms  to  a  lamellar  mixture  of  Oj-Hy  by  an  eutectoid  reaction 
a-MXj-fy,  the  temperature  of  oc,  and  y  precipitation  depending  upon  the  V  content  of  the 
alloys,  decreasing  with  increasing  V  content,  reaction  7. 

AUays  with  P  Primary  Phase  involved  in  a  Peritectic  Reaction  (L-^+L) 

The  reaction  8  thru  12  in  Table  2  represent  the  solidification  paths  of  aUoys  which 
involve  a  peritectic  reaction. 

In  alloy  29,  follovring  P  precipitation,  the  liquid  composition  moves  along  the  P 
liquidos  surface  towards  line  PjUi.  According  to  the  liquidus  projection  the  alloy  should 
move  towards  U,.  But  the  liquid  composition  moves  towards  the  a  liquidus  surface  with 
the  precipitatirm  of  a  phase  through  a  peritectic  reaction  L+^-mx.  The  composition  of 
the  remaining  liquid  between  the  a  dendrites  (these  dendrites  have  already  partially 
consumed  the  (mmary  P)  moves  towards  the  line  BjU,  and  solidifies  as  y  by  another 
perit»;tic  reaction  L+a-»y.  This  could  be  due  to  the  fact  that  the  P  liquidus  surface  is 
steeper  than  the  a  surface  and  the  liquid  composition  on  the  a  surface  also  moves  down. 
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The  difference  in  temperatures  of  the  invariant  reactions  P3  and  U,  is  moreover  not  great; 
therefore,  it  is  possible  for  the  liquid  to  overshoot  the  U,  reaction  under  the  non¬ 
equilibrium  cooling  conditions,  reaction  8. 

The  liquid  composition  in  alloy  30  changes  along  the  P  liquidus  surface  after  ^ 
precipitation  towards  line  P,U3  and  due  to  greater  difference  in  temperatures  of  invariant 
reactions  P,  and  U3,  it  moves  sharply  downwards  to  point  U3  and  solidifies  thru  the 
perirectic  reaction  reaction  9. 

The  volume  fraction  of  ^  phase  in  alloy  31  is  large  as  compared  to  other  alloys  in 
this  range.  The  liquid  composition  moves  along  the  ^  liquidus  surface  towards  line  P,U3 
and  then  precipitation  of  5  occurs  around  The  composition  of  the  remaining  liquid 
moves  to  the  line  U3U4U}  and  enters  the  pseudo  binary  eutectic  reaction  L~>4,-f6,  which 
results  in  eutectic  like  microstructural  features,  reaction  10. 

Alloys  32  and  33  go  through  two  peritectic  reactions.  The  liquid  compositions  move 
along  the  ^  liquidus  surface  to  tine  P1U3.  These  compositions  follow  this  line  and  go 
through  first  peritectic  reaction  at  U3  The  remaining  liquid  compositions  in 

both  alloys  follow  the  line  U3U4.  The  solidificruion  should  be  completed  by  the  peritectic 
reaction  U4.  However,  the  microstructural  features  suggest  the  presence  of  a 

eutectic  reaction  L-^54^,  which  is  not  posable  according  to  the  tentative  liquidus 
projection  shown  in  Ftg.  9.  The  only  possibility  is  that  alloys  do  not  go  through  reaction 
U4  and  remaining  liquid  solidifies  as  a  mixture  of  &f^,.  This  could  be  possible  in  view  of 
small  differences  in  temperatures  of  reactions  U4  and  U,,  therefore,  the  line  U4U,  may  act 
as  a  valley  between  5  and  liquidus  surfaces  and  due  to  non-equilibrium  cooling  the 
liquid  can  solidify  as  a  eutectic  like  mixture  of  54^,.  In  alloy  33,  the  volume  fraction  of 
the  primary  phase  P  is  very  small  and  it  appears  to  be  consumed  by  the  subsequent 
peritectic  reaction  U3,  reaction  1 1. 

In  alloy  34,  the  liquid  composition  moves  along  the  ^  liquidus  surface  towards  line 
P,U}.  The  liquid  composition  then  changes  along  the  5  liquidus  surface  with  ^e 
precipitation  of  the  S  phase,  the  volume  fraction  of  the  5  phase  being  the  highest  among  all 
alloys  present  in  this  composition  range.  The  composition  of  the  liquid  present  between 
the  big  5  dendrites  moves  towards  line  P«U,  and  the  liquid  solidifies  as  reaction  12. 
AUoy  with  Primary  Phase 

ReactitHi  13  in  Table  2  represents  the  solidification  path  of  alloy  35.  The 
solidification  in  this  alloy  takes  place  with  the  nucleation  of  the  phase.  The  composition 
of  tire  liquid  changes  along  the  liquidus  surface  towards  line  U4UJ.  The  solidification 
was  completed  by  the  precipitation  of  the  5  phase  in  the  liquid. 

Alloys  with  a  Primary  Phase 


98 


The  solidification  path  of  alloys  25  to  28  is  given  by  reaction  14  in  Table  2.  The  a 
primary  phase  is  indicated  by  the  presence  of  hexagonal  dendrites  in  the  as-cast 
mkrostnictures  of  these  alloys  [Figs.  5(a)  to  (d)l.  McCullough  et  al.  *0.15, 16  distinguished 
the  morphologies  of  the  a  dendrites  in  the  shrinkage  cavities  of  the  as  cast  binary  'n-36Al 
Cn-50A1  at%)  and  T1-40.8A1  (Ti-55A1  at%)  from  that  of  the  ^  deiKlrites  in  as-cast  alloys 
of  composidtms  Tl-lT.SAl  fn-40Al  at%)  and  Tl-Sl.dAl  (Ti-45A1  at%).  The  alloys  in  the 
present  study  go  through  the  binary  peritectic  reaction  P3,  L-hx->y.  The  liquid 
compositiMi  in  all  alloys  changes  along  the  a  Ikjuidus  surface  towards  the  line  P,Ui  and 
the  remaining  liquid  solidifies  as  y. 

The  primary  phase  in  alloy  24  is  also  oc.  The  composition  of  the  small  amount  of  the 
liquid  phase  apparently  moves  down  along  the  line  PjU,  and  solidifies  as  V  rich  The 
precipitation  of  y  in  the  a  dendrites  takes  place  in  the  solid  state,  reaction  15. 


ronriiiriniM 

1-  The  arc  melted  and  cast  microstructures  of  li-Al-V  alloys  solidified  at  cooling  rates 
lying  between  10-100‘C/s  were  characterized  and  it  was  determir^d  that  the  alloys 
containing  10.5  to  32  wt%  A1  and  4  to  31  wt%  V  and  alloys  containing  40  to  48  wt%  A1 
and  30  to  51  wt%  V  were  solidified  as  [1.  The  morphology  of  the  dendrites  was  related  to 
the  type  of  the  {vimary  phase  i.e.  orthogonal  for  ^  and  y  and  hexagonal  for  a.  The 
ixecipitation  of  a  in  the  P  phase  was  observed  to  occur  at  different  temperatures  in  the 
solid  state  and  the  temperature  appeared  to  determine  the  size  and  morphology  of  the  a 
phase. 

2-  A  tentative  liquidus  projection  of  the  H-Al-V  system  has  been  presented.  Five  ternary 
peritectic  reactions  ate  suggested  in  the  liquidus  projection.  Three  ternary  peritectic 
reactions  have  been  confirmed  in  another  study^>^  due  to  the  presence  of  their  product 
three  phase  fields  observed  at  lower  temperatures.  The  a  liquidus  surface  has  been  shown 
to  extend  to  30  wt%  V.  This  extent  was  determined  on  the  basis  of  the  hexagonal 
dendrites  in  alloys  present  in  this  composition  range.  Therefore,  it  is  concluded  that  non- 
equilibrium  cooling  promotes  a  phase  instead  of  3  or  y  phases. 
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Table  1:  The  phases  present  in  the  as  cast  alloys  determined  by  optical  microscopy,  SEM, 
TEM  and  X-ray  diffractometry. 


Alloy 

No. 

Nominal 

Compositions 

(wt%) 

Phases 

Alloy 

No. 

Nominal 

Compositions 

(wt%) 

Phases 

1 

ri-10.5Al-20.5V 

19 

ri-32Al-20V 

az.Pz.Y 

2 

T1-15A1-20V 

20 

ri-32Al-31V 

Y.P 

3 

T1-15A1-30V 

21 

ri-32Al-4V 

Y.Oj 

4 

Ti-20Al-15V 

22 

ri-32.5Al-12V 

Oz.Y 

5 

Tt-20A1-20V 

P: 

23 

ri-32.5Al-15V 

Oz’Y 

6 

Ti-20A1.25V 

P* 

24 

Ti-35A1-25V 

Y.Oj.p 

7 

ri-20Al-30V 

P2 

25 

T1-40A1 

Y.Oz 

8 

ri-25Al-13V 

Pz 

26 

ri-40Al-5V 

Y.a2 

9 

T1-25A1-4V 

27 

ri-40AI-10V 

Y.ctj 

10 

TI-27A1-10V 

aj.Pi 

28 

ri-40Al-15V 

Y.Oj 

11 

ri-27Al-5V 

Oz-Pz 

29 

T1-40A1-30V 

Y.az.P 

12 

ri.28Al-4V 

Otz,  Pj 

30 

ri-41Al-40V 

Y.5.P 

13 

Ti-25A1-25V 

Pz’Oj 

31 

Ti-42A1-46V 

5,^,.P.Y 

14 

ri-26Al-16V 

Pz’  ®z 

32 

Ti-45A1-35V 

Y.  8.  ^1.  P 

15 

ri-27Al-30V 

Pz’Oz 

33 

T1-48A1-32V 

Y.  5,  P 

16 

TI-27A1-20V 

Pz.  az.Y 

34 

ri-45Al-51V 

Y.P.^ 

ri-57Al-27V 
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Table  2:  The  solidification  paths  of  the  alloys. 


Reaction  # 


Solidificmion  Paths 


L->p-^p2->P2+<^ 

L->P-->P2-KX47->P2+ot2+7 

L-»p-»PHX-Hy-»p2-HX2-fy 

L->p->p+7 

L-^3-»a-Kt,+Y 


L-»Pp+L->Pp+[al+L-»Pp+[y+<X2l-HY 
L^pp+L->Pp+[51-fy-^pp+{&vy]-Hy 
L->pp+L^Pp4^8}+L->Pp-KS47]44,+8 
L--»pp+L->pp+[5]+L-^Pp-f[5+Tl+YfL->pp-K847]+yf4i+S 
L-^Pp+L-^Pp-fCSl+L— >Pp4{5] 


,.+S 


L-»[al+L->[Y+a2l4Y 
L->[a]-t-L-»[a]4-P-»[ 


Ppi  i»iinaiy  p.  □  square  brackets  indicates  the  phases  observed  in  the  dendrites,  the 
secondary  phases  within  dendrites  having  precipitated  in  this  phase  through  a  solid  state 
reaction. 


32,33 

34 


35 


*  j 

i  1 


Fig.  1:  Optical  micrographs  of  the  as-cast 
niicrostructures,  (a)  alloy  1,  (b)  alloy  9,  (c) 
alloy  10,  (d)  alloy  11  and  (e)  alloy  12. 


Fig.  2:  Optical  micrognphs  of  the  as'Cast  microstructures,  (a)  alloy  IS,  (b)  alloy  16  and  (c) 
alloy  19. 


e  ooav 


Fig.  4:  (a)  SEM-BEI  of  alloy  24.  (b)  BF 
micrograph  of  alloy  24  showiog  at,  and  y 
inmwiiiiii  present  in  the  dendrites  shown  in 
(a),  (c)  SADP  taken  from  oc^and  j^lamellae 
present  in  alloy  24.  Zone  axispllOja,  and 
<110>  Y-  See  key  in  (e).  (d)  BF 

micrograph  of  alloy  24  showing  ot],  0  and 
Y  phases.  SADP  of  zone  [Tll]/9  taken  from 
0  area  is  shown  in  the  inset,  (e)  Key  for 
SADP  shown  ia  (c). 


107 


Fig.  S:  Optical  micn^raphs  of  alloy  showing  hexagonal  dendrites,  (a)  alloy  25,  (b)  alloy  26, 
(c)  alloy  27  and  (d)  alloy  28. 


Fig.  6:  (a)  Optical  micrograph  of  alloy  29  showing  orthogonal  dendrites,  (b)  SEM-BEI 
alloy  30  showing  similar  dendrites. 


Ill 


Altov  Compositions 
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O  Primary  a 
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Fig.  9:  Tentative  liquidus  projection  of  Ti-AI-V  system. 
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Abstract 

The  elevated  temperature  phase  transitions  during  continuous  heating  and  cooling  of  two 
TijAl-fNb.V^io)  titanium  aluminides,  Ti-25Al-llNb  and  Ti-26Al-10Nb-3V-lMo  (at.%),  were 
explored  by  optical  microscopy,  calorimetric  differential  thermal  analysis  and  in-situ  high 
temperature  x-ray  diffraction. 

Both  alloys  initially  consisted  of  otj+^+O  with  continuous  heating  resulting  in  the 
sequential  reaction  orthorhombic  O  ocj,  dissolution/disordeiing  of  Oj,  and  disordering  of  B2. 
Differences  in  the  initial  microstructures  of  the  alloys,  i.e.,  blocky  and  plate-like  primary  Oj  {ol^) 
coltmies  in  a  transformed  P  {Widmanstatten  secondary  otj®  +  (^2),}  matrix  in  Ti-25Al-llNb, 
and  Widmanstatten  (s^  +  (p/B2),  in  Ti-26Al-10Nb-3V-lMo,  was  found  to  affect  Oj  dissolution. 
Dissolution,  eventually  followed  by  disordering,  of  the  two  morphologically  distinct  ordered  Oo 
microconstituents  in  Ti-2SA1-1  INb  occurred  over  two  distinct  temperature  regions,  while  a  single 
dissolution  reaction  of  Widmanstatten  ocj  in  ’n-26Al-10Nb-3V-lMo  was  observed. 

Similar  reversible  transformations  were  observed  on  cooling  from  the  P  phase  field,  the 
quantities  of  primary  and  secondary  Oj  being  rate  dependent,  decreasing  cooling  rate  increasing 
the  volume  fraction  of  primary  otj  while  decreasing  the  volume  fraction  of  secondary 
Widmanstatten  Oj. 


115 


Introduction 

Binary  TijAl-base  aluminide  alloys  are  excellent  candidates  for  high  temperature 
applications  in  the  500°-700“C  range.  Unfortunately,  they  sufier  from  poor  ductility  and  fracture 
toughness  at  low  to  intermediate  temperatures.  These  properties  may  however  be  enhanced  thru 
alloy  modification,  notably  the  addition  of  ^stabilizing  elements  (Nb,  V,  Mo).‘  *  Decomposition 
of  TijAl-{Nb,V,Mo)  alloys  upon  cooling  from  the  single  phase  P  region  may  involve  diffusion 
controlled  processes,  diffusional  ordering  transformations  and/or  diffusionless  reactions, 
depending  upon  P-stabilizer  content,  interstitial  content  (O,  N,  H,  C)  and  cooling  rate.’'‘°  Indeed, 
B2  (ordered  bcc),  ce/a'  (hep),  etj  (ordered  hep,  DOj®  structure),  0/0'  (orthorhombic  phase),  "(o- 
type",  and  tetragonal  phases  have  all  been  reportecL^^ 

These  observations  illustrate  that  achievement  of  optimal  mechanical  performance  in 
Ti3Al-(Nb,V,Mo)  alloys  will  critically  depend  upon  prior  thermomechanical  history.  In  particular 
appropriate  control  of  deformation  processing  will  require  a  detailed  knowledge  of  the  alloys’ 
microstructural  stability,  particularly  at  elevated  temperatures  where  processing  is  normally 
undertaken.  The  present  study  was  undertaken  towards  this  end  by  examining  the  elevated 
temperature  phase  stability  of  two  semi-commercial  TijAl-(Nb,V,Mo)  alloys,  Ti-25Al-llNb  and 
Ti-26Al-10Nb-3V-lMo  (aL%),  during  continuous  heating/cooling. 


Experimental  Details 

The  two  'n3Al-(Nb,V,Mo)  alloys  investigated,  Ti-25Al-llNb  and  ’Il-26Al-10Nb-3V-lMo 
(at.%),  Table  1,  were  suppUed  by  TIMET  and  were  received  as  152.4  mm  thick  slabs  having 
undergone  initial  forging  from  3400  kg  triple  vacuum  melted  production  ingots.  During  this  prior 
processing,  the  materials  had  been  heated  to  1S33K,  held  at  this  temperature  for  8  hours,  forged, 
and  then  air  cooled. 

Metallographic  examination  of  sections  prepared  from  the  forged  ingots  showed  that  the 
microstructure  of  as-received  11-25 Al-llNb  consisted  of  primary  ot^  (Oj'^  cerfonies  in  a 
transformed  p/B2  {WidmanstiUten  +  (P/B2X}  matrix,  with  no  ^parent  grain  boundary  ocj 
(otj®),  Rgure  1.  fit  comparison,  the  microstructure  of  Ti-26Al-10Nb-3V-lMo  consisted  of 
Widmanstatten  otj*  +  (P/B2)t,  with  grain  boundary  otj®®,  Rgure  1. 

Characterization  of  these  materials’  high  temperature  stability  utilized  calorimetric 
differential  thermal  analysis  (CDTA)  and  high  temperature  in-situ  x-ray  diffraction  (HTXRD).“’“ 
The  CDTA  system  was  configured  to  ensure  that  the  heating/cooling  experiments  were  unaffected 
by  test  environment,  modification  of  the  CDTA  apparatus  including  installation  of  an  inert  gas 
purifier/oxygen  analyzer  and  introduction  of  in-situ  high  purity  titanium  gettering  charges  to 
minimize  oxygen  pick-up. 

The  purity  of  the  CDTA  system  was  verified  by  repeated  thermal  cycling  of  a  pure 
titanium  sample,  the  lack  of  significant  change  in  the  P  transus  temperature  (<  5K  after  3  cycles 
to  1723K)  being  taken  as  evidence  of  the  system’s  ability  to  maintain  atmosphere  purity  control. 
CDTA  instrumental  baseline  calibration  was  performed  utilizing  high  purity  sapphire,  with  final 
temperature  calibration  of  the  apparatus  being  achieved  from  the  solid  state  standard  temperature 
transformations  of  pure  manganese  (3->7;1361K,  y->5:14()9K,  5->L:1514K)  and  pure  titanium 
(a->P:1164K).^  After  calibration,  temperatures  were  considered  to  be  accurate  within  1  %. 
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Phase  transformation  temperatures  from  873K  to  1573K  were  determined  during  both 
heating  and  cooling  in  a  high  purity  argon  atmosphere  at  S,  10,  20,  and  40K/min  rates.  In  order 
to  separately  evaluate  each  transformation,  both  the  heat  flow,  normalized  per  unit  mass  (mJ.sec 
‘.mg‘‘.),  and  its  first  derivative  with  respect  to  temperature,  J'=  dJ/dT  (mJ.sec  ‘.mg  ‘.deg  ‘),  were 
recorded  and  analyzed.  Transformation  temperatures  were  determined  from  the  CDTA 
tlKtniograms  by  establishing  those  temperatures  where  J  and  ]'  deviated  from  the  baseline,  and 
in  the  case  of  overlapping  peaks,  where  J'  showed  a  curvature  anomaly.  The  average  standard 
deviation  observed  for  the  measured  reaction  temperatures  was  ±  SK. 

In-situ  high  temperature  x-ray  diffraction  experiments  were  also  undertaken  to 
complement  the  CDTA  experiments.  Tliese  utilized  a  Scintag  26-diffractometer  equipped  with 
a  high  temperature  fumace/vacuum  chamber,  again  modified  in  a  manner  similar  to  that  outlined 
above  for  the  CDTA  apparatus  to  introduce  and  maintain  a  high  purity  inert  argon  gas 
atmosphere  at  a  desired  pressure.^-^ 

The  high  temperature  x-ray  diffraction  samples,  20  mm  x  8  mm  x  0.2S  mm.  were  prepared 
by  wafering  and  grinding,  with  final  preparation  involving  removal  of  a  20  |im  minimum  surface 
layer  by  chemical  thinning  in  a  bath  of  10  ml  HNO3  +  5  ml  HF  +  50  ml  HjO  for  about  20 
seconds,  this  treatment  being  designed  to  eliminate  any  deformation  layer  that  might  have  been 
occasioned  by  previous  preparation.^  Samples  were  then  repeatedly  washed  in  water  and 
ethanol,  and  dried  in  warm  air. 

The  x-ray  sample,  onto  which  a  type  C  thermocouple  was  spot-welded  to  monitor 
temperature,  was  then  mounted  in  the  chamber  on  a  tantalum  strip  heater.  Gettering  charges  were 
positioned  and  the  furnace  sealed,  a  vacuum  of  1x10^^  mbar  inside  the  chamber  being  achieved 
overnight  The  chamber  was  then  repeatedly  backfilled  (•  1  atm)  with  a  high  purity  argon  gas 
and  flushed,  the  initial  vacuum  being  achieved  between  each  step.  Finally,  an  argon  pressure  of 
0.6  atm  was  maintained  prior  to  heating. 

Initially,  ambient  temperature  26-scans  from  15°  to  85°  were  acquired  utilizing  Cu-K„ 
radiation  operating  at  40kV  and  30tnA.  Following  ambient  temperature  examination,  the  sample 
was  heated  from  873  to  1623K  at  a  heating  rate  of  20K/min,  diffraction  spectra  being  collected 
at  pre-selected  temperatures  maintained  within  an  ^curacy  of  ±  5K,  the  sample  being  held  at 
temperature  approximately  5  minutes  prior  to  scanning  at  a  10°/tnin.  Typically,  four  to  five 
samples  of  each  alloy  were  examined,  with  tx)cking  curves  (6  fixed,  £2  varying)  being  obtained 
where  deemed  necessary  to  verify  the  presence,  or  absence,  of  phases  at  elevated  temperatures. 
The  large  grain  size  of  the  alloys  examined  precluded  quantitative  phase  determination.  In 
addition,  it  should  be  noted  that  the  x-ray  diffraction  technique  looses  its  sensitivity  when  volume 
fractions  of  the  phases  being  identified  are  below  approximately  5  %.  Following  data  collection, 
the  x-ray  diffraction  spectra  were  analyzed  and  the  peaks  indexed  utilizing  an  iterative  computer 
program  that  was  capable  of  fitting  the  observed  data  to  given  cell  structures  using  a  least  squares 
procedure,^ 
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Results 

Calorimetric  Differential  Thermal  Analysis  (CDTA) 

The  results  of  the  thermal  analysis  observations  during  continuous  heating  and  cooling 
for  ’n-25Al-llNb  and  'n-26Al-10Nb-3V-lMo  are  shown  in  Figures  2  thru  5  and  summarized  in  • 

Table  II  and  ED,  where  an  estimate  of  the  equilibrium  reaction  temperatures  was  obtained  by 
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assuming  a  linear  relationship  between  reaction  temperatures  and  heating/cooling  rates  and  by 
extrapolating  to  an  ideal  0  K/min  rate.  Independent  of  heating  rate,  Ti'25Al-llNb  exhibited  a 
low  temperature  transformation  below  1123K  starting  at  Tq*  and  ending  at  Tq^  This 
transformation  was  followed  by  a  complex  sequence  of  transformations,  Ts"  thru  Tg",  where  both 
J  and  J'  deviated  from  the  base'ine.  Above  ensuing  reactions  defined  by  anomalies  in  S' 
were  observed  at  Tl"  for  both  alloys,  Td**  for  'n-25Al-l  INb,  Figure  3,  and  T/  for  Ti-26Al-10Nb- 
3V-lMo,  Figure  5.  Finally  this  sequence  of  transformations  was  completed  at  Tg**. 

Cooling  thermograms  at  40, 20,  and  lOK/min  of  Ti-25Al-llNb,  Figure  3,  exhibited  three 
distinct  transformations  between  1348-1173K;  at  5K/min,  only  two  reactions  were  observed.  In 
each  instance,  the  first  reaction,  which  had  an  onset  at  Tg*"  and  completion  at  Tq‘,  was 
immediately  followed  by  a  second  reaction  which  terminated  at  T/.  At  cooling  rates  above 
5K/min,  a  third  reactijn  appeared,  interrupting  the  Tp'-Ts'  reaction  at  a  temperature  Tl'  (Tl'cTd'), 
with  the  extent  of  this  peak  increasing  with  increasing  cooling  rate. 

By  comparison,  cooling  thermograms  at  40  and  20Kymin  of  Ti-26Al-10Nb-3V-lMo, 
Figure  5,  exhibited  two  distinct  transformations  between  1398-978K;  at  the  lowest  rates 
examined,  10  and  5K/min,  an  additional  reaction  was  observed.  At  the  former  cooling  rates,  the 
first  reaction  had  an  onset  at  Tg®  and  completion  at  T^®,  and  was  followed  by  a  plateau  before 
a  second  reaction  initiated  at  T^®  terminating  at  Tg®.  At  the  slower  cooling  rates,  a  third  reaction 
initiating  at  Tq®  appeared.  It  was  characterized  by  a  shoulder  on  the  Tl®-Ts'  reaction  peak,  the 
extent  of  this  additional  transformation  increasing  with  decreasing  cooling  rate. 


Ambient  temperature  x-ray  scans.  Figure  6,  confirmed  that  both  alloys  were  three  phase, 
ocjCordered  hep)  +  ^bcc)  +  orthortiombic  phase  O,  this  latter  phase  having  been  identified  by  the 
^pearance  of  "shoulders"  at  selected  Oj  peaks.^*  The  room  temperature  lattice  parameters  of  the 
different  phases  were  computed.  Table  IV. 

Typical  high  temperature  x-ray  diffraction  data  for  both  alloys  are  shown  in  Figure  7. 
HTXRD  data  show  that  Ti-25Al-llNb  and  Ti-26Al-10Nb-3V-lMo  were  three  phase  (otj+P+O) 
to  1 123K  and  1073K,  respectively,  the  orthorhombic  "peaks"  vanishing  above  these  temperatures. 
Between  1173K  and  1423K,  Ti-25Al-llNb  was  two  phase  (02+^)  with,  moreover,  the  primary 
otj  peak  (oe2{0002}  /  20  «  38®)  splitting  into  a  doublet.  Figure  8.  This  doublet  was  not  present 
at  1448K  where  the  alloy  was  in  the  a+^  phase  field,  the  absence  of  being  verified  with 
rocking  curves  at  low  angles,  29  -  17.5®,  otji  1010},  and  29  -  26®,  Oji  1120}.  Finally,  at  1473K 
and  above,  the  x-ray  diffraction  scans  showed  no  distinct  peaks,  although  rocking  curves 
indicated  that  the  alloy  was  single  phase,  disordered  bcc  ^  phase,  above  this  temperature. 

Upon  cooling,  the  Ti-25Al-llNb  x-ray  scans  were  found  to  be  qualitatively  identical  to 
those  on  heating,  the  intensity  of  the  peaks  being  randomly  modified.  At  1298  K,  the  presence 
of  an  a+P  structure  was  verified,  transforming  to  Oj+P  below  1273  K.  Ultimately  a  three  phase 
ocj+P^  structure  appeared  below  1123  K,  this  structure  remaining  till  room  temperature. 

Orthorhombic  dissolution  was  also  observed  in  Ti-26Al-10Nb-3V-lMo.  The  HTXRD 
results  suggested  in  contrast  to  the  CDTA  results  that  the  two  phase  otj+P  structure  in  Ti-26A1- 
10Nb-3V-lMo  was  stable  to  1548K.  Based  on  previously  accepted  results,’""  Ti-26Al-10Nb"3V- 
IMo  is  expected  to  be  in  the  single  phase  p  field  at  temperatures  above  1423K.  However,  the 
P  transus  as  determined  from  HDQID  results  was  estimated  to  be  approximately  1S48K. 
Detailed  analysis  of  these  observations,  to  be  published  elsewhere,  indicates  that  this  anomalous 
behavior  was  related  to  the  high  sensitivity  of  Ti-26Al-10Nb-3V-lMo  to  oxygen,  absorption  of 
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oxygen  during  the  high  temperature  x-ray  exposure  resulting  in  the  stabilization  of  an  Oj-case 
layer  on  the  diffracted  surface. 


Discussion 

The  phase  transitions  of  two  Ti3AI-(Nb,V,Mo)  alloys,  Ti-25Al-llNb  and  Ti-26A1- lONb- 
3V-1MO,  observed  during  heating/cooling  as  determined  from  CDTA  and  HTXRD  are 
summarized  in  Tables  5  and  6,  respectively. 


Upon  heating,  the  orthorhombic  phase  in  both  alloys  transforms  to  Oj  at  temperatures 
between  Tq*  and  Tq'.  This  agrees  with  previous  studies”-”  who  reported  that  the  O  phase  is  not 
stable  in  these  alloys  at  temperatures  above  1123K.  Although  the  low  volume  fraction  of  O  in 
the  initial  microstructures  made  its  detection  difficult  in  the  CDTA  thermograms,  HTXRD  scans 
did  confirm  its  presence  below  1123K.  Indeed,  the  presence  of  the  orthorhombic  phase  at  high 
temperature  upon  cooling  precluded  this  being  an  artifact  due  to  sample  preparation. 

ou  Phase 

T\vo  different  Oj  morphologies  were  present  in  the  alloys  studied,  primary  otj 
colonies  in  a  transformed  p/B2  {Widmanstatten  ct^  +  (P/B2X}  matrix  in  Ti-25Al-llNb  and 
Widmanstatten  otj*  +  (P/B2)t,  with  grain  boundary  ctj®®,  in  Ti-26Al-10Nb-3V-lMo. 

The  transformation  of  these  morphologictdly  distinct  Oj  microconstituents  entails  initial 
resolution  of  04^  within  the  transformed  (^2),,  followed  by  the  dissolution  of  Oj’’  in  Ti-25A1- 
llNb.  Such  a  process.  Tables  5  arid  6.  eventually  followed  by  the  disordering  of  Oj,  was 
demonstrated  by  the  CDTA  thermograms,  where  complex  phase  transformations  were  observed 
above  Ts**,  Figure  2  and  4.  The  first  of  these  is  proposed  to  represent  the  dissolution  of  and 
is  associated  with  the  major  peak  for  each  heating  rate,  the  shape  of  this  peak  being 
representative  of  a  diffusion  controlled  first  order  transformation.**  The  onset  of  primary  otj*’ 
di^lution  may  also  be  defined  from  the  CDTA  thermograms,  as  the  dissolution  is 
complemented  at  Tl**  for  Ti-25A1-1  INb  (1389K  at  20K/min)  by  another  first  order  reaction,  while 
the  Oj®  dissolution  is  completed  at  the  Tl"  temperature  for  Ti-26Al-10Nb-3V-lMo  {1374K  at 
20K/min).  Furthennore,  the  appearance  of  the  Oj/a  doublet  reflections  in  the  x-ray  pattern  for 
'n-2SAl-llNb  suggests  that  a  difference  in  chemical  composition  develops  between  the  primary 
and  secondary  ocj  phases  during  dissolution  at  high  temperature.  Elemental  partitioning  between 
the  ocj  and  ^  phases,  and  consequently  between  and  {02®+^},  which  become  respectively  Al- 
enriched  and  Nb-enriched,  has  previously  been  reported  in  ’n-24Al-llNb.‘®-‘*-^‘ 

Support  for  the  proposed  dissolution  mechanism  is  given  by  quantitative  measurements 
of  the  02(0002}  doublet  in  Ti-25A1-1  INb.  The  intensity  of  each  doublet  varies  with  temperature, 
until  a  single  predominant  peak  remains  at  temperatures  greater  than  1348K.  Figure  9  shows  that 
the  Oi®  is  dominant  at  temperatures  lower  than  1173K,  whereas  above  1273K,  the  02*’  dominates 
as  the  amount  of  Oj®  decreases  and  eventually  vanishes  at  temperatures  greater  than  1373K.  It 
may  be  concluded  therefore  that  Tl"  represents  the  transition  temperature  where  Oj®  becomes 
virtually  extinct 

The  x-ray  results  for  Ti-25Al-llNb  indicate  further  that  the  02  phase  has  disordered  at 
1448K,  with  subsequent  transformation  to  3  at  1473K.  The  development  of  the  Oj-^o^P 


reaction  in  this  narrow  temperature  range  (1448-1473K)  is  confirmed  by  CDTA  analysis  where 
the  completion  of  ail  reactions  was  determined  at  1456K  at  20K/min  heating  rate,  the  rate 
selected  for  HTXRD  experiments. 

Similar  reversible  transformations  occur  on  cooling,  as  depicted  by  the  CDTA  cooling 
thermograms  between  Tq'  and  Tj®,  Figures  3  and  5.  The  fust  otj  precipitation  peak  (Td'-Tl®), 
when  observed,  represents  the  formation  of  and  is  followed  by  a  second  peak  (Tl®-Ts®) 
involving  the  formation  of  Oj®.  As  demonstrated  by  HIXRD  analysis  in  Ti-25Al-llNb  on 
cooling,  ot,  precipitation  is  preceded  by  formation  of  disordered  a  A  similar  reaction  path  was 
reported  by  Weykamp  et  al.**  who  observed  that  in  a  Ti-24Al-llNb  alloy  ordering  of  ocj  was 
preceded  by  primary,  heterogeneous  nucleation  of  ol  It  has  to  be  recognized  that  the  distinction 
of  a  distinct  ^2<->a  CDTA  peak  was  not  possible,  but  should  be  observed  as  concluded  with 
HTXRD,  suggesting  that  initial  formation  of  a  and  (Xj  ordering  on  cooling,  and  by  analogy  on 
heating,  are  represented  by  a  same  CDTA  peak. 

Ultimately,  the  ratio  of  ocj®  and  observed  after  cooling  is  expected  to  be  related  to 
cooling  rate  and  alloying  content  Figures  3  and  5  support  this  conclusion,  the  intensity  ratio 
between  the  oe^®  peak  and  the  oc,*’  peak  decreasing  with  decreasing  cooling  rate.  Therefore,  by 
analogy  with  the  transformations  observed  on  heating,  T^,®  represents  the  transition  temperature 
from  to  the  development  of  ocj®  with  increasing  cooling  rates.  Although  was  not  present 
in  the  initial  Ti-26Al-10Nb-3V-lMo  microstructuie,  and  therefore  was  not  observed  in  the  CDTA 
thermograms,  this  Oj  morphology  may  be  achieved  in  this  alloy  at  slow  cooling  rates,  see  below, 
therefore  the  Tl**  transition  would  be  observed  on  subsequent  heating. 

Demonstration  of  the  effect  of  rate  and  composition  on  the  phase  morphology  of  Ti-25A1- 
llNb  and  'n-26Al*10Nb-3V-lMo  was  confirmed  by  observation  of  the  CDTA  sample 
microstructures  after  cooling,  Rgure  10  and  11,  respectively.  As  the  cooling  rate  decreased, 
coarsening  of  was  observed,  the  as>cooied  microstructure  changing  from  a  fine  0C2®-K^2X 
to  a  scattered  formation  of  and  ultimately  to  a  coarse  morphology.  This  morphological 
transition  was  clearly  demonstrated  at  the  lowest  cooling  rate,  5  K/min,  where  the  ocj®  was  absent 
in  the  microstructure  of  the  Ti-2SAl-llNb  CDTA  specimen  after  cooling.  Figure  10(d),  an 
observation  consistent  with  the  disappearance  of  the  peak  associated  with  Oj®  formation  in  the 
CDTA  thermogram.  Figure  3.  On  the  other  hand,  formation  and  coarsening  of  was  observed 
in  'n-26Al-10Nb-3V-lMo  only  at  rates  lower  than  10  K/min,  the  as-cooled  microstructuie  slowly 
changing  from  a  Widmanstatten  {(X2®+(^2)t}  to  a  mixed  WidmanstStten{oc2®+(P^2)t}-HX2‘’ 
morphology.  For  instance,  microstructures  at  the  highest  cooling  rates,  i.e.,  40  and  20  K/min, 
did  not  display  any  Figure  11(a)  and  (b),  an  observation  consistent  Avith  the  absence  of  .i 

peak  associated  with  formation  in  the  CDTA  thermogram  Figure  6.  Comparison  of  the  as- 

cooled  microstructures  again  confirms  the  slower  kinetics  in  ’n-26Al-10Nb-3V-lMo. 

B  phase 

The  B  transus  temperatures  of  both  alloys  as  defined  by  CDTA,  were  1432K  and  1407K 
for  Ti-25Al-llNb  and  Ti-26Al-10Nb-3V-lMo,  respectively,  on  heating.  These  results  ate  in 
good  agreement  with  previous  studies  on  Ti,Al-Nb  alloys  where  the  B  transus  temperature  was 
reported  as  1408K  for  ri-24Al-llNb  and  1403K  for  ri-24Al-15Nb.“ 

Cooling  thermograms  suggest  that  the  high  temperature  reaction  observed  immediately 
below  the  B  transus,  i.e.,  between  Tg®  and  (Tl-25Al-llNb)  or  T^®  (Ti-26Al-10Nb-3V-lMo), 
is  the  B->B2  ordering  reaction.  This  reaction  is  not,  as  expected  of  a  second  order  reaction,  rate 
dependent.  Tables  3  and  4.  Furthermore  the  proposed  B“>B2  transformation  temperature 
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observed  on  cooling  is  higher  in  Ti-26Al-10Nb'3V-lMo  (14(X)K)  than  in  Ti-25A1-1  INb  (1354K). 
Other  studies  of  Ti-24Al-nNb  and  Ti-25Al-20Nb  have  also  shown  that  higher  Nb  content 
resulted  in  higher  3->B2  ordering  temperatures  and  enhanced  formation  of  B2.  This  increase  in 
the  orttering  temperature  for  Ti-26Al-10Nb-3V-lMo  vis-a-vis  Ti-25A1-1  INb  tends  also  to  separate 
>B2  from  p/B2— MX/ot2  reaction  “  in  Ti-26Al-10Nb-3V-lMo,  Figure  5,  while  both  reaction  are 
merged  in  Ti-25Al-UNb,  Figure  3. 

An  analogous  transformation,  identified  by  Td**  (Ti-25A1- 1  INb)  or  (Ti-26A1-  lONb-3 V- 
IMo),  is  observed  in  the  CDTA  thermograms  on  heating  in  the  high  temperature  range 
immediately  below  the  (1  transus.  Again,  it  is  suggested  that  this  reaction  is  associated  with 
^->B2  ordering  reaction,  which  on  heating  involves  disordering  of  the  B2  phase.  This  conclusion 
is  supported  by  other  studies  under  isothermal  conditions  *^**‘‘*  where  the  P  phase  undergoes  a 
P->B2-^P  transformation  between  1223K  and  1448K,  disordered  P  existing  below  1223K, 
orttered  B2  between  1223K  and  the  P  transus,  and  disordered  P  above  the  p  transus. 


Conclusions 

High  temperature  phase  stability  has  been  examined  in  Ti-25A1-1  INb  and  Ti-26Al-10Nb- 
SV-lMo.  In  *n-2SAl-llNb,  transformations  on  heating  involve  the  sequential  transformation  of 
orthoiitombic  O,  dissolution/disordering  of  the  morphologically  distinct  phases,  and 
present  in  the  as-received  alloy,  and  disordering  of  the  B2  phase.  In  the  case  of  ll-26Al-10Nb- 
3V-1MO,  transformations  are  limited  to  the  sequential  transformation  of  orthorhombic  O  and 
dissolution  of  Widmanstatten  (x,  and  followed  by  disordering  of  B2.  Similar  reversible 
reactions  occur  on  cooling  from  the  high  temperature  single  phase  p,  the  relative  amount  of  the 
morphologically  different  oe,  phases  exhibiting  a  cooling  rate  dependency,  the  amount  of  primary 
0C2  increasing  with  decreasing  cooling  rates.  Finally  solution  partitioning  during  Oj  precipitation 
or  dissolution  influenced  the  disordering/ordering  state  of  the  p/B2  phase. 
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Table  1.  Chemical  composition  of  the  TijAl-Nb  alloys. 


Ti-25Al-llNb 

Ti-26Al-10Nb-3V-lMo  | 

Atomic  % 

Weight  % 

Atomic  % 

Weight  % 

Ti 

bal. 

bal. 

bal. 

bal. 

A1 

24.95 

14.25 

25.79 

14.60 

Nb 

10.83 

21.30 

10.26 

20.00 

V 

- 

- 

3.09 

3.30 

Mo 

- 

- 

1.04 

2.10 

0 

0.26 

0.09 

0.23 

0.08 

C 

0.26 

0.09 

0.11 

0.027 

N 

0.04 

0.012 

- 

- 

Fe 

0.042 

0.05 

0.07 

0.08 

Table  2.  Ambient  temperature  lattice  parameters. 


Lattice 

Ti-25Al-llNb 

Ti-26Al-10Nb-3V-lMo  | 

Parame^  (nm) 

^2 

0 

p/B2 

o  1 

a 

0.328 

0.580 

0.604 

0.322 

0.584 

0.606  1 

c 

- 

0.466 

0.464 

- 

0.465 

0.465 

b 

- 

- 

0.971 

- 

0.979 

Error  =  ±  0.001  nm 
c/a  ratio  =  0.80 


Table  3.  Transformation  temperatures  as  a  function  of  heating/cooling  rates,  Ti-25Al-llNb. 


HeatingCooling 
Rate  ( K/min) 


Transformation  Temperatures  (  K) 


O  phase  Heating(T/) 

Cooling(T,‘) 


Table  4.  Transformation  temperatures  as  a  function  of  heating/cooiing  rates, 

ri-26Al-10Nb-3V-lMo. 


Rteating/Cooling 
Rate  ( K/min) 


Transformation  Temperatures  ( K)  Heating(T/) 
CoolingCr,*) 


not-detected;  extrapolated 


Table  5.  Phase  transformations  for  Ti-25Al-llNb. 
Temperature  Range  (K) 

"■'■■'"■'"■nr*""'"""""""""  Phases 

Heating  Cooling 


<  1079 

<  1236 

{(Pm2X4<X2*}  +  Oj'*  +  0 

1079  -  1207 

<  1236 

{(pm2X-MX2®}  +  Oj*’ 

1207  -  1369 

1246  -  1236 

1369  -  1394 

1343  -  1246 

(^2X  + 

1394  -  1432 

1354  -  1343 

B2->p 

>  1432 

>  1354 

P 

Table  6.  Phase  transformations  for  H-lbAl-lONb-SV-lMo. 


Temperature  Range  (K) 

Phases 

Heating 

Cooling 

-<  1023 

-<  1118 

Widmanstatten{(p/B2)t+<X2^}  +  0 

-  1023  -  1222 

1192-1118 

WidmanstStten{(P/B2X-HX2^} 

1222  -  1355 

1229-  1192 

Widmansti[tten{(P/B2X-Ko(^oe2)^} 

1355  -  1379 

1380  -  1229 

B2 

1379  -  1407 

1400  -  1380 

B2-^p 

>  1407 

>  1400 

P 

Not  present  on  heating  nor  at  40  and  20  K/min  cooling  rates 


Rgme  1.  Microstructiiies  of  the  as-forged  materials;  (a)  'n-25Al-llNb  exhibiting  p^ary  a/ 
[Pj  and  secmidary  Widmanstitttra  ot2*+(P/B2X  [S],  (b)  H-26Al-10Nb-3V-lMo  exhibiting 
Widmanstitten  a2*-K^2X  [S]  and  grain  boundary  0^°^  [GB] 
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Hgure  2.  CDTA  thennograms  for  Ti-25Al-llNb  on  heating  at  (a)  40,  (b)  20,  (c)  10,  and  (d) 
SK/min.  Heat  flow  J  (mJ.sec  '.mg  *)  and  its  first  derivative  J’  (mJ.sec  '.mg  '.deg  *). 


Figure  3.  CDTA  thermograms  for  Ti-25Al-llNb  on  cooling  at  (a)  40,  (b)  20,  (c)  10,  and  (d) 
5K/min.  Heat  flow  J  (mJ.sec  ‘.mg  ‘)  and  its  first  derivative  J’  (mJ.sec  ‘.mg  ‘.deg  ‘). 


Figure  4,  CDTA  thermograms  for  Ti-26Al-10Nb-3V-lMo  on  heating  at  (a)  40,  (b)  20,  (c)  10, 
and  (d)  5K/mm.  Heat  flow  J  (mJ.sec  '.mg  ')  and  its  first  derivative  J’(mJ.sec  '.mg''.deg  *)- 


Figure  5.  CDTA  thennograms  for  Ti-26Al-10Nb-3V-lMo  on  cooling  at  (a)  40,  (b)  20,  (c) 
10,  and  (d)  SK/min.  Heat  flow  J  (mJ.sec'.mg'*)  and  its  first  derivative  J’(mJ.sec  ‘.nig  *.deg'‘). 
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Figure  7.  Typical  in-situ  high  temperature  x-ray  data  for  (a)  Ti-25Al-llNb  and  (b)  Ti-26A1- 
10Nb-3V-lMo. 
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Figure  8.  Evolution  of  the  OC2{002}  peak  with  increasing  temperature  in  Ti-25Al-llNb.  s,  p, 
a,  and  b  represent  primary  and  secondarespectively. 
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Figure  9.  The  relative  intensity  of  ot2'’{0002}  and  ot2*{0002}  peaks  in  Ti-25Al-llNb 
function  of  temperature,  associated  with  primary  otj'*  and  secondary  otj®,  respectively. 


Rguie  10.  Optical  micrographs  of  the  Ti-25Al-llNb  CDTA  samples  after  cooling  at  rates  of 
(a)  40,  (b)  20,  (c)  10,  (d)  5  K/min. 


Rgurc  11.  Optical  micrographs  of  the  Ti-26Al-10Nb-3V-lMo  CDTA  samples  after  cooling  at 
rates  of  (a)  40,  (b)  20,  (c)  10,  (d)  5K/min. 
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Introduction 

Ordered  02  titanium  aluminides  intem^tallics  have  recently  received  increasmg  attention 
for  hi^  temperature  aerospace  {plications.  Although  their  relatively  low  ambient  temperature 
ductility  and  fracture  tmighness  initially  limited  their  applicability,  detailed  studies  have  shown 
that  prperties  can  be  enhanced  through  the  introduction  of  j3  isomorphous  alloying 
elements,  e.g.,  Nb,  V,  or  Mo  (1,2),  these  benefits  being  associated  with  the  formation  and 
incorporation  of  a  controlled  quantity  of  ductile  jS  (or  B2,  ordered  ff)  within  the  titanium 
aluminide  microstructure.  Other  studies  have  shown  that  the  choice  of  the  j8  isomorphous 
addition  may  however  drastically  alter  and  indeed  decrease  the  oxidation  resistance  of  a2 
aluminides  vis-a-vis  a+0  titanium  alloys  (3-5).  For  example,  Schaeffer  (5)  has  shown  that  the 
isothermal  oxidation  rate  of  Ti-25Al-10N^3V-lMo  is  not  only  higher  than  that  of  Ti-24.SA1- 
12.SNb-lMo,  it  actually  exceeds  that  observed  in  Ti-6Al-2Sn-4Zr-2Mo,  an  a+/3  titanium  alloy 
often  considered  for  elevated  temperature  applications. 

Much  less  attention  has  b^n  placed  on  the  impact  elevated  temperature  exposure  may 
have  on  a2+j3  phase  stability.  These  effects  may  be  particularly  important  when  considering  in- 
situ  measurements,  e.g. ,  x-ray  and  CDTA,  to  establish  phase  boundaries  and  equilibrium  phase 
OHnpositions  (6,7).  This  study  examines  the  potential  for  environmentally  associated  phase 
stabilization  in  a2+&  titanium  aluminides. 
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Experimental  Procedure 

Ti-26/l-10Nb-3V-lMo,  containing  (at.%)  Al(25.79).  Nb(10.26),  V(3.09),  Mo(1.04). 

0(0.23),  C(0.11),  Fe(0.07),  an  alloy  known  for  its  high  sensitivity  to  oxygen,  was  selected  for 
this  ^udy.  Metallogn^hic  examination  showed  that  its  initial  microstructure  consisted  of 
WidmanAiden  a>i  +  iS/B2,  with  at  prior  grain  boundaries.  Figure  1. 

Giaracterization  of  high  temperature  i^iase  equilibria  utilized  calorimetric  differential 
thermal  analysis  (CDTA)  and  in-sifu  high  temperature  x-ray  diffraction  (HTXRD).  CDTA 
sanqtles,  weighing  approxinudely  120  mg,  were  initially  chemically  cleaned  in  a  solution  of  10ml  * 

HNO)  +  5inl  HF  4-  50ml  HjO  for  about  20  seconds,  then  washed  in  ethanol,  water  and  again 
ethanol,  and  dried  in  warm  air.  Transformation  temperatures  between  873  and  1S73K  were 
determmed  at  rates  between  5  and  40K/min  during  both  heating  and  cooling  in  a  high  purity 
argon  atmo^hme,  the  standard  deviation  observed  for  the  measured  reaction  tenqreratures  being 
±  5K  (6).  An  estimate  of  the  equilibrium  reaction  temperatures  was  obtained  by  assuming  a  < 

linear  relationship  between  reaction  temperatures  and  heating/cooling  rates  and  extrapolating  to 
an  kleal  0  K/min  rate. 

In-situ  high  temperature  x-ray  diffiaction  experiments  were  undertaken  to  complement 
the  CDTA  ejqwriments.  These  utiliz^  a  Scintag  diffractometer  eq[u4>ped  with  a  high  temperature 
fumace/vacuum  chamber,  the  high  ten4)etatuie  x-ray  diffiaction  samples,  having  dimensions  of 
20mm  X  8mm  x  0.25mm,  being  prq)ated  by  wafering,  using  a  high  speed  diamond  blade  cutter 
and  grinding  with  filial  chemical  diinning  eliminating  any  prior  deformed  surface  layer  (6). 

Following  ambient  temperature  analysis  utilizing  radiation  under  40kV  and  30mA, 
tihe  x-ray  sample  was  heated  at  20K/min,  diffraction  spectra  beii%  collected  at  pre-selected 
temperatures,  die  latter  maintained  at  ±  5K,  with  the  sample  being  at  temperature  approximately 
5  minutes  prior  to  scanning  at  10**/min.  Rocking  curves  {$  fixed,  Q  varying)  were  obtained 
where  deemed  necessary  to  verify  the  presence,  or  absence,  of  phases  at  elevated  temperatures 
and  the  state  of  ordering/disorderkg  of  these  phases. 


Results 

Typical  thermal  analysis  results  during  continuous  heating  and  coolii^  at  high,  20K/min, 
and  low,  5K/min,  rates  are  shown  in  Figures  2.  A  complex  sequence  of  transformations  was 
obsmved  between  Ts**  and  Tg",  where  bodi  J  (heat  flow)  and  J’  (first  derivative  of  the  heat  flow) 
curves  tkviated  frcm  die  baseline.  Above  Tg**,  reactions  defined  by  anomalies  in  J'  were  * 

observed  at  T^''  and  T^**,  this  sequence  of  transformations  being  completed  at  Tg**.  Cooling 
thermograms  at  rates  of  20K/min  a^  above  exhibited  two  distinct  reactions  between  1398-978K, 
die  first  reaction  having  an  onset  at  Tg'^  and  completion  at  Ta'^,  and  beii^  followed  by  a  plateau 
before  a  second  reactitm  initiated  at  T^^  and  terminating  at  Tg*^.  At  rates  below  20K/mm,  a  third 
reactkm  initiating  at  Tq’’  ai^ieared,  which  was  characterized  by  a  shoulder  on  the  Ti,‘-Ts‘  reaction  < 

peak.  The  0  transus  temperatures  on  heating,  Tg**,  and  cooling,  Tg*',  were  determined  to  be  1407 
and  1400K,  respectively. 

Ambient  temperature  x-ray  scans  showed  an  a2(ordered  hep)  +  /^(disordered  bcc) 
structure  for  Ti-26Al-10Nb-3V-lMo,  with  a  small  quantity  of  the  orthorhombic  phase  O. 
Cliaracteristic  high  temperature  x-ray  diffraction  scans.  Figure  3 ,  showed  that  Ti-26A1-  lONb-3 V-  i 

IMo  was  three  phase  (a2+j3+0)  up  to  1073K,  the  orthorhombic  peaks  vanishing  above  this 
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temperature.  These  results  also  suggested  that  the  two  phase  Ui+d  structure  was  stable  between 
1073  and  1548  K,  with  erratic  fluctuations  of  the  a2  and  0  phase  lattice  parameters  being 
observed  at  temperatures  above  1223K.  Finally,  the  0  transus  was  estimated  by  HTXRD  to  lie 
between  1548  a^  1573K,  Table  1 . 

Upon  cooling,  x-ray  scans  were  found  to  be  qualitatively  identical  to  those  on  heating, 
the  intensiQr  of  the  peaks  teing  randomly  modified. 


TABLE  1 


I%ase  structures  determined  by  HTXRD  at  20  K/min  heating  rate. 


Temperature  ( K) 

Phases 

298  -  1073 

02  "i"  /3/B2  +  0 

1173  -  1548 

02  +  /3/B2 

1573 

/3/B2 

Discussion 


Qualitatively,  the  transformation  sequence  of  Ti-26Al-10Nb-3V-lMo  on  continuous 
heating  consisted  of  orthorhombic  0(2  dissolution,  followed  by  02-^  disordering,  and 
disorderir^  of  B2-i3.  Similar  reversible  transformations  were  observed  on  cooling  from  the  0 
phase  field  (6). 

Quantitative  determination  of  the  related  reaction  temperatures,  in  particular  that 
associat«l  with  the  final  dissolution  of  otila  within  a  0  titanium  matrix,  indicated  a  wide 
discrepancy  between  the  two  experimnital  methods  employed  in  this  study.  HTXRD  indicated 
that  02/0  was  stable  to  tenqieratuies  above  1500K  while  CDTA  suggested  that  the  j3  transus  was 
1407K. 

In  order  to  give  further  insight  into  the  effect  of  elevated  temperature  exposure  on  the 
samples,  cross-sections  of  Ti-26Ai-10Nb-3V-lMo  samples  after  in-situ  high  temperature  x-ray 
diff^:tion  were  prepared.  Observation  of  these  showed  that  the  difference  in  j3  transus 
tenqieratum  was  due  to  the  formation  of  an  a2'case  layer,  approximately  125  /im  thick,  on  the 
surface  of  Ti-26Al-10Nb-3V-lMo,  Figure  4.  Further  conflrmtion  of  this  effect  was  obtained 
by  ctmskleration  of  the  02  x-ray  extinction  thickness  (8).  If  Gx=l-exp<-2/ix/sind)  is  the  fraction 
of  die  diffracted  intensity  which  is  contributed  by  a  surface  layer  of  d^th  x,  where  /i  is  the 
linear  absorption  coefficient  of  the  specimen  and  the  diffracted  angle,  and  if  it  is  assumed  that 
95  %  of  die  diffracted  intensity  comes  from  this  surface  layer,  then  an  effective  depth  of 
pen^tion,  Xo.9s,  can  then  be  calculated.  Substitution  of  iqipropriate  values  for  the  absorption 
coefficient  of  Ti-26Al-10Nb-3V-lMo,  n  ss  169  cn^,  results  in  Xo.9s  values  varying  between  15 
and  90  ^m,  depending  upon  the  diffraction  angle  9,  well  within  tte  measured  02  layer  thickness 
in  Ti-26Al-10Nb-3V-lMo.  It  has  to  be  recognized  that  the  CDTA  technique,  related  to  bulk 
measurement  as  compared  to  surface  measurement  in  HTXRD,  is  not  impacted  by  a2-case 
surface  formation. 


The  formation  of  the  a2-case  layer  in  Ti-26Al-10Nb-3V-lMo  cannot  be  simply  associated 
with  oxygen  diffusion.  For  example,  available  oxygen  diffusivity  data  for  Ti-25Al-llNb  (9) 
implies  that  this  alloy,  in  consort  with  Ti-26Ai>10Nb-3V-lMo,  should  also  exhibit  a  surface 
oxidatkm  layer  under  the  temperatuie/time  conditions  experienced  during  HTXRD.  Indeed,  a 
first  order  estimate  of  the  de{^  of  oxidation  suggests  that  an  oxidation  layer  thickness  of 
40^  shouM  be  observed  under  the  conditions  utilized  in  this  study.  However,  as  illustrated  in 
Figure  4,  Ti-25A1-1  INb  does  not  exhibit  any  surface  layer.  This  suggests  that,  in  agreemeiu  with 
Schaeffer  (S),  the  rate  limiting  step  in  oe2-case  formation  appears  to  be  related  to  enhanced 
oxygen  surface  absorption  due  to  the  presence  of  V  in  Ti-26Al-10Nb<3V-lMo. 


Sununary 

This  study  has  demonstrated  that  environmental  effects  can  have  an  in^Mitant  effect  on 
]rfuue  stability  of  at] -1-/3  alloys,  and  in  general  reactive  alloy  systems,  at  elevated  temperature. 
Fbr  instance,  Oj  stabilization  of  the  Qe2  phase  in  Ti-26Al-10Nb-3V-lMo  during  in-situ  high 
ten^ierMire  x-ray  diffraction  resulted  in  an  anomaleous  estimation  of  the  transus  temperature. 
Thexefore,  it  is  essential  that  complementary  experimental  techniques,  such  as  CDTA  and 
HTXRD,  be  employed  in  phase  stability  determination  and  that  any  discrepancies  between  the 
technkpiga  be  caieftilly  considered  and  documented. 
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FIG  2.  CDTA  tbermograms  for  Ti-26Al-10Nb-3V-lMo 
on  heating  at  (a)  20  and  (b)  SK/min  and  on  cooling  at  (c)  20  and  (d)  5K/min. 


FIG.  3.  Typical  in-situ  high  tenq>eratiiie  x-ray  data  at  20K/miii  heating  rate  for  Ti-26A1 

10Nb-3V-lMo. 
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FIG.  4.  Optical  micrographs  of  (a)  Ti-26Al-10Nb-3V-lMo 
and  (b)  Ti-2SAl-llNb  cross-sections  after  HTXRD. 
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Abstract: 

The  age  hardening  response  of  a  P2  Ti-Al-V  alloy  Ti-39.5A1-21.0V  (at%)  has  been 
studied.  Following  arc  melting,  homogenization  and  solution  treatment  the  alloy  was  s^ed  at 
temperatum  of  973  and  873  K  for  times  between  3  and  96  hrs.  Aging  at  873  K  resulted  in 
a  gradual  increase  in  hardness  vdiile  aging  at  973  K  resulted  in  a  hardness  peak  after  3  hrs,  a 
second  hardness  peak  being  observed  vdien  aged  this  alloy  for  longer  times.  X-ray  and 

transmissiaii  electron  microscopy  have  shown  that  the  first  increase  in  hardness  was  due  to  y 
inecipitation,  longer  time  precipitation  of  02  resulting  in  further  hardness  increase.  For  each 

^ing  conditioii,  the  size  of  former  y  plates  was  observed  to  vary  over  a  wide  range  with  y 
plates  being  observed  to  grow  randomly.  Finally,  the  observation  of  plateau  and  a  minima  in 

the  aging  curves  at  873  K  and  973  K  appears  to  be  due  to  an  increase  in  y  platelet  length  with 
increasing  ^ing  times  this  increase  resulting  in  the  loss  of  coherency  at  the  y/p  interfaces. 

Introduction: 

Various  precipitation  phenomena  have  been  reported  during  aging  of  commercially 
agnificant  metastable  P  titanium  alloys.  For  example  these  alloys  may  form  athermal  or 
"difhise"  a  upon  quenching  from  their  solution  treatment  temperature.  Further  thermal 
exposure  at  low  temperatures  <673  K  can  result  in  precipitation  of  either  solute  lean  isothermal 
(D  or  P’  with  precipitation  of  a  occurring  at  longer  times  [1].  Direct  a  precipitation  in  the  p 

1‘Paper  to  be  presented  at  3rd  International  Conference  on  High-Temperature  Intermetallics,  to  be  held  in  San 
Diego,  Ca,  16-19  May  1994.  The  prater  will  also  be  published  in  Materials  Science  and  Engineering. 
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matrix  has  also  been  observed,  the  mode  of  precipitation  depending  upon  selection  of  alloy 
constituents  and  the  alloy  composition  [1,2].  In  all  cases  the  elevated  temperature  strength  of 
these  alloys  is  limited  by  rapid  a  phase  coarsening. 

Recently,  it  has  been  shown  that  increased  strength  and  high  temperature  stability  may 
be  possible  in  metastable  P  alloys  through  precipitation  of  lath-like  ordered  [3,4].  In  this 
study  of  Ti-llAl-23Nb  (at%),  peak  hardness  values  of  470  VHN  (Vicker’s  Hardness  Number 
using  500  g  load),  430  VHN  and  360  VHN  were  observed  after  aging  at  848,  898  and  948  K 
for  12,  6  aiKi  3  hrs  respectively.  Notably  decreased  rates  of  Oj  coarsening,  when  compared  to 
disordered  a  was  observed  with  oij  precipitates  having  a  Burger’s  relationship,  the  broad  faces 
of  die  laths  being  observed  to  have  coherent  or  semi-coherent  interfaces  [4]. 

Prior  investigation  of  phase  equilibria  in  Ti-Al-V  alloys  within  the  temperature  range 
of  873-1473  K  [5]  suggests  an  alternate  approach  for  increasing  the  high  temperature  strength 

of  metastable  P  titanium  alloys  ,  that  is  through  precipitation  of  y,  the  latter  exhibiting  a  face- 
centered  tetragonal,  ordered  LIq  crystal  structure.  Within  selected  regions  it  was  observed  that 

the  phase  boundary  between  Pj  ^  phase  fields  moves  towards  the  V  rich  side  with 
decrease  in  temperature,  for  example  alloy  compositions  in  the  single  phase  P  or  P2  phase  field 
between  temperatures  of  1273-1473  K  are  two  phase  y+p/pj  at  lower  temperatures.  This  study 
has  considered  the  age  hardenii^  response  of  these  alloys  recognizing  the  similarities  between 
the  crystal  structures  of  y  (LI,)  and  P2  (B2)  phases.  Both  y  and  Pj  phases  are  ordoed  and 
should  show  better  strength  retention  and  thermal  stability  at  high  temperatures  than  the 
existing  age  hardened  alloys.  An  alloy  of  composition  Ti-39.5A1-21.0V  (at%)  was  selected  for 
this  investigation. 

i?agHP^!atq][L 

The  alloying  constituents  for  the  selected  alloy,  high  purity  Ti  (O<240  wppm,  N<26 
wppm,  C<9.9  wppm),  V  (99.8%)  and  A1  (99.999%)  were  melted  \mder  a  {xirtial  pressure  of 
high  purity  argon  utilizing  a  water  cooled  copper  hearth,  non-consumable  tungsten  electrode 
arc  furnace,  the  meltii^  being  repeated  six  times  to  ensure  homogeneity.  Following  this 
procedure  the  alloy  was  cleaned  with  alcohol,  wrapped  in  Ta  foil  and  encapsulated  under  a 
partial  pressure  of  high  purity  argon  in  a  quartz  tube  together  with  a  small  quantity  of  Ti 
spoi^e,  the  latter  being  intended  to  act  as  a  getter  for  residual  oxygen.  The  encapsulated  alloy 
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was  then  homogenized/solution  treated  in  a  sealed  furnace  under  an  argon  atmosphere  at  1473 
K  for  24  hrs  and  water  quenched.  Interstitial  analysis  of  as-cost  and  solution  treated  alloys 
indicated  an  oxygen  content  of  390  and  440  wppm,  respectively. 

Initially,  calorimetric  differential  thermal  analysis  (CDTA)  of  the  as-cast  and  solution 
treated  samples  was  conducted  at  heating  and  cooling  rates  of  30,  20,  10  and  5  K/min  to 
establish  aging  temperatures,  observed  transformation  temperatures  being  determined  by 
extr^lation  to  0  K/min  [6].  Based  on  these  observations  other  samples  were  re-encapsulated 
following  solution  treatment  and  aged  at  873  and  973  K  for  3,  6,  12,  24,  48  and  96  hrs,  the 
capsule  being  removed  frc.m  the  furnace  following  aging  and  air  cooled  to  room  temperature. 

The  as-cast,  solution  treated  and  aged  alloys  were  also  prepared  for  optical  microscopy 
by  mechanically  polishing  and  etching  with  Kroll's  Reagent.  Additionally,  diamond  pyramid 
microhardness  measurements  were  utilized  to  monitor  hardness  changes  during  aging.  The 
hardness  samples  were  mechanically  polished  prior  to  testing,  the  reported  results  being  an 

average  of  ten  (10)  microhardness  readings,  an  average  error  of  ±5  VHN  being  observed  in  the 
determined  hardness  values. 

Phase  identification  involved  room  temperature  x-ray  dif&action  and  transmission 
electron  microscopy  (TEM).  The  former  was  utilized  Cu  Ka  radiation  at  40  kV  and  30  mA 
at  a  scan  rate  of  S'*  20/min  from  20**  26  to  70'*  26  with  rocking  curve  methods  being  employed 
to  confirm  the  presence  or  absence  of  superlattice  reflections.  Following  data  collection,  the 
x-ray  spectra  were  analyzed  and  the  peak  indexed  utilizing  a  least  square  method  iterative 
computer  program  [7]. 

Samples  for  TEM  were  prepared  by  waffering  0.4  mm  slices,  grinding  to  O.IS  mm, 
cutting  3  nun  discs  from  these  slices  and  electropolishing  in  a  solution  of  10%  H2SO4  and  90% 
methanol  under  the  voltage  and  temperature  conditions  of  IS  to  20  volts  and  -3S'*C.  The 
observations  were  made  utilizing  a  Hitachi  600  AB  TEM  operated  at  lOOkV. 

(i)  Solution  Treated  Microstructure: 

Optical  microscopy  of  the  as-cast  alloy  showed  large  equiaxed  p  grains  with  the 
presence  of  low  voliune  fraction  of  fine  grain  boundary  03  plates.  Figure  1.  Following  solution 
treatment  the  alloy  contained  only  a  single  phase  p  microstructure.  TEM  indicated.  Figure  2, 
that  this  P  was  ordered,  the  presence  of  antiphase  boundaries  (APBs)  implying  that  the  alloy 
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composition  was  in  the  disordered  region  at  the  solution  treatment  temperature  and  ordered 
during  quenching.  Selected  area  diffraction  patterns  (SADPs)  taken  from  this  alloy  indicate 
streaking  and  difriise  maxima.  A  SADP  of  ZA=[011]P2>  Figure  2(b),  shows  the  presence  of 
strong  superlattice  reflections,  streaking  along  <112>  directions  and  diffuse  maxima  at 
1/2<1 12>  positions.  Higher  magnification  revealed  mottling  of  the  ^  phase,  Figure  2(c),  this 
type  of  mottled  structure  along  with  diffuse  maxima  being  consistent  with  prior  TEM  studies 
of  P  quenched  Ti-Al-Nb  [8,9],  Ti-Al-Mo  [10]  and  Ti-Al-V  [5]  alloys  containing  P2  phase.  The 
striations  in  the  mottled  structure  along  <1 10>  directions  observed  by  Strychor  et  al.  [8,9]  and 
Ahmed  and  Flower  [S]  were  also  seen  in  the  present  study.  This  strain  contrast  observed  in 
Ti-Al-V  and  other  alloy  systems  is  actually  due  to  the  mottled  structure,  the  origin  of  which 
has  been  discussed  in  detail  by  Strychor  et  al.  [8,9].  Finally,  diffuse  "to  type"  reflections  were 
observed.  However,  the  intensity  of  these  reflections  was  weak  and  were  not  detectable  under 
all  expected  zone  axes.  This  suggests  that  the  development  of  the  "o  type"  phase  is  not  as 
dramatic  in  P  quenched  Ti-Al-V  when  compart  with  Ti-Al-Nb  [8,9].  This  observation  is  in 
accordance  with  athermal  00  results  obtained  in  binary  Ti-V  and  Ti-Nb  systems,  a  lower  o), 
temperature  for  the  binary  Ti-V  alloys  being  observed  [1,11]. 

(ii)  T^aosLAssixsiSL 

The  temperatures  of  phase  transformations  were  determined  by  thermal  analysis  of  the 
alloy  under  as-cast  and  solution  treated  conditions.  CDTA  plots  of  both  samples  show  an 
initial  exothermic  peak  at  lower  temperatures,  Figures  3(a)  and  4(a).  This  exothermic  peak, 
characteristic  of  precipitation,  was  followed  by  a  series  of  endothermic  peaks  depicting 
dissolution  of  these  precipitated  phases.  Further,  analysis  of  the  as-cast  condition  suggests  that 
two  overlapping  endothermic  transformation  peaks  were  present  on  heating  and  three 
overlapping  peaks  on  cooling.  Figure  3(a)  and  (b).  In  contrast,  the  solution  treated  condition 
showed  four  overlapping  endothermic  transformation  peaks  on  heating  and  three  overl^qjping 
transformation  peaks  on  cooling.  Figures  4(a)  and  (b).  The  transformation  temperatures  for 
reactions  are  summarized  in  Table  1.  The  results  indicate  that  the  onset  and  completion 
temperatures  of  transformation  T1  on  heating  were  not  dependent  upon  the  initial  condition, 
A^ereas  transformation  T2  in  as-cast  condition  split  into  two  transformations  (T2  and  T3) 
folloMong  solution  treatment.  Finally,  the  transformation  T4  is  only  present  in  the  solution 


treated  condition.  This  difference  in  transformation  behavior  on  heating  may  be  related  to  the 
increased  homogeneity  of  the  solution  treated  condition  when  compared  to  the  as-cast 
condition.  Indeed  on  cooling,  the  transformations  were  not  dependent  upon  initial  condition, 
all  three  transformations  have  similar  transformation  onset  and  complete  temperatures.  This 
implies  that  the  alloy  in  as-cast  conditions  was  homogenized  at  temperature  >  1439  K  resulting 
in  a  similar  number  of  transformations  as  compared  to  solution  treated  condition. 

(ui)  Hantogg  i^gSBOBss; 

The  age  hardening  response  of  Ti-39.5A1-21.0V  is  shown  in  Figure  5.  Aging  at  873 
K  resulted  in  an  initial  increase  in  hardness  with  increase  in  aging  time,  v^diich  is  followed  by 
a  plateau  in  the  hardness  curve  after  at  about  48  hrs  and  a  maximum  hardness  value  after 
aging  for  96  hrs.  In  contrast,  age  hardening  at  973  K  shows  an  initial  hardness  maxima  after 
aging  for  3  hrs.  Increasing  the  aging  time  results  in  a  sharp  decrease  in  hardness,  a  minima 
being  observed  after  aging  for  24  hrs,  with  finally,  a  second  maxima  being  observed  after  aging 
for  longer  times. 


(iv)  Agyi  Micypstnifitwes-. 

Selected  aged  microstructures  were  characterized  by  room  temperature  x-ray  diffraction 
and  TEM.  Room  temperature  x-ray  analysis  after  aging  at  873  K  confirmed  the  alloy  was  two 
aging  times  for  3, 6,  12,  24  and  48  hrs.  Figure  6(a),  while  it  was  three  phase 
(Pj+y+Oj)  for  96  hrs.  Figure  6(b).  Similar  results  were  observed  after  aging  at  973  K,  Figure 
7.  These  results  suggest  that  this  alloy  lies  within  a  p2'^T^2  phase  region  at  the  aging 
temperatures,  the  absence  of  in  alloys  ag&d  for  shorter  times  being  due  either  to  its  small 
size  or  low  volume  fraction. 

Figures  8(a)  and  (b)  shows  the  microstructures  of  samples  aged  at  873  K  for  24  and  96 
hrs  req)ectively.  It  was  observed  that  the  y  precipitates  have  a  plate  morphology,  the  size  of 
these  plates  varying  over  a  wide  range  in  each  aging  condition.  The  y  plates  also  speared  to 
grow  in  a  random  manner  with  some  plates  being  internally  twined.  Moreover,  little 
coarsening  of  y  was  observed  between  sample  aged  for  24  hrs  and  96  hrs.  Finally,  the  ocj 
phase  present  in  the  latter  sample  was  observed  to  again  have  plate  morphology  with  length 
smaller  than  the  y  plates. 
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The  microstructures  of  sample  aged  at  973  K  are  shown  in  Figure  9.  Again  both  y  and 
aj  precipitates  are  observed  to  have  plate  morphologies  with  size  varying  over  a  wide  range. 

In  samples  ^ed  at  973  K  for  3,  6  and  24  hrs,  a  lamellar  microstructure  was  also  observed  in 
selected  plates.  Figure  9(b).  This  lamellar  microstructure  is  consisted  of  fine  y  and  Oj  lamellae 
having  a  orientation  relationship;  (0001)a2//{lll}y,  [1120]a2//<110>y.  The  y  lamellae  were 
observed  to  present  as  twins  with  twin  plane  beii^  of  { 1 1 1  }y  type.  The  volume  fraction  of 
the  plates  containing  this  lamellar  microstructure  speared  to  decrease  Avith  increase  in  aging 
time  from  3  hrs  to  24  hrs,  while  the  thickness  of  remaining  lamellar  plates  increased  with 
increase  in  aging  time.  In  addition,  the  volume  fraction  of  the  long  y  plates  was  also  observed 
to  inoease  with  increase  in  aging  time  with  considerable  number  of  these  plates  growing  in 
one  direction.  A  few  y  plates  in  samples  aged  at  both  temperatures  are  also  observed  to  follow 
Nishiyama-Wasserman  type  relationship  with  die  P2  matrix:  { 1 10)^2  { 1 1 1  }?>  [0011^2 

Figure  9(d)  and  (e). 


Thermal  analysis  of  Ti>39.5Al>21.0V  suggests  that  this  alloy  undergoes  a  series  of 
transformation  on  heatii^cooling.  Identification  of  transformation  sequence  is  aided  by  the 
reference  to  recent  calculations  of  vertical  sections  of  Ti-Al-V  system.  Figure  10,  the  reactions 
observed  being 

T1  T2  T3  T4 

Pj+y+Oj — >P2-h^ — ^>P2n — >P2 — >P 

where  transformation  T1  (first  endothermic  peak)  involves  disordering  of  otj  to  a,  T2 
cotie^nding  to  dissolution  of  a,  T3  to  dissolution  of  y  and  the  transformation  T4  is  due  to 
the  disordering  of  P2  to  p.  On  heating  the  as-cast  condition  results  only  two  peaks,  the  first 
peak  corresponds  to  T1  whereas  the  second  peak  involves  overlqiping  T2  and  T3 

transformations.  On  cooling  from  single  phase  P  region,  the  reverse  transformation  path  is 
observed. 

(ii)  Hardness  and  Microstructure: 

Comparison  of  hardness  values  obtained  in  the  present  study  with  those  from  an  aged 
Ti-llAl-23Nb  alloy  based  on  a  p-HXj  microstructure  [3,4]  indicate  that  while  higher  absolute 
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hardness  levels  can  be  achieved  in  aged  Ti-Al>V  alloys  based  on  a  predominantly  -h' 
microstructure,  the  former  exhibit  a  more  pronounced  age  hardening  response.  The  difference 
in  absolute  hardness  between  the  two  alloys  is  presumably  due  to  the  increased  hardness  of  the 
Ti-Al-V  alloy  in  die  solution  treated  condition,  this  increase  being  due  to  increased  solid 
solution  hardening  and  the  ordering  of  the  P  matrix.  In  contrast  the  larger  aging  response  of 
Ti'llAl-23Nb  indicates  that  the  phase  has  a  more  pronounced  hardening  effect  when 
compared  to  the  y  phase.  This  is  in  accordance  with  the  observations  made  in  Ti-Al-V  alloys, 
that  the  y  phase  acts  as  a  softer  phase  as  compared  to  the  phase  [12]. 

The  aged  microstructures  in  Ti-39.5A1-21.0V  were  observed  to  consist  of  y  and  Oj 
plates  of  size  varying  over  a  wide  range.  This  diversity  made  it  extremely  difficult  to  establish 
a  quantitative  correlation  between  hardness  and  aged  microstructures.  Neverthless  a  qualitative 
description  of  the  age  hardening  behavior  of  Ti<39.5Al*21.0V  may  however  be  given  in  Figure 
11.  This  figure  shows  the  separate  effects  of  y  and  Oj  precipitation  on  the  hardness  of  a 
metastable  alloy.  Aging  at  873  K  resulted  in  an  initial  increase  in  hardness  with 
precipitation  of  y  plates.  Subsequent  growth  of  the  y  plates  resulted  in  a  plateau  in  hardness 
with  continued  t^g  time  expected  to  lead  to  a  gradual  reduction  in  hardness.  This  reduction 
is  not  observed  since  precipitation  of  also  takes  place  during  aging,  the  hardening  effect 
after  longer  times  i.e.  96  hrs  being  related  to  more  effective  Oj  hardening.  Similarly,  aging  at 
973  K  results  in  an  initial  rapid  increase  in  hardness  due  to  fine  y+Oj  lamellae  and  y  plates. 
Increasii^  aging  time  at  973  K  results  in  a  decrease  in  hardness,  again  associated  with  increase 
in  y  platelet  length  accompanied  at  this  temperature  by  a  decrease  in  y+Oj  lamellar  volume 
fraction.  Longer  times  again  result  in  an  increased  precipitation  of  Uj  and  a  second  increase 
in  hardness.  Ultimately,  aging  for  96  hrs  results  in  a  decrease  in  hardness  presumably  due  to 
increase  in  size. 

Additionally  it  was  observed  that  on  continued  aging  an  increasing  proportion  of  y 
platelets  obeyed  Ni^yama-Wasserman  orientation  reladmiship  with  reflect  to  the  p  matrix. 
Russell  et  al  [13]  have  shown  that  in  the  alloy  systems  having  this  relationship,  the  matching 

between  {ni}fcc  and  {110}bcc  planes  is  very  poor,  good  matching  being  restricted  to  small 
areas  that  only  contain  »9%  of  the  interfacial  atoms.  Therefore,  it  is  impossible  to  have 
maintain  a  coherent  or  semi-coherent  interface  between  two  large  interfaces  parallel  to  { 1 1 1  }y 
and  [1  lOlPj  planes.  This  suggests  that  a  loss  of  y  coherency  may  be  expected  with  increasing 
i^ng  time,  this  change  in  interfacial  structure  contributing  to  the  decrease  in  hardness  with 
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increase  in  volume  fiction  of  long  y  plates. 

CwgliBiQns; 

The  age  hardening  re^nse  of  a  Ti-Al-V  alloy,  Ti-39.5A1-21.0V  (at%),  has  been 
studied.  The  aged  alloy  showed  a  plateau  after  aging  at  873  K  for  24  hrs  uiiereas  aging 
treatment  at  973  K  resulted  in  a  peak  hardness  after  3  hrs.  These  were  ascribed  to  y 
precipitation.  A  second  hardness  peak  was  observed  in  the  t^ing  curves  of  this  alloy  after 
longer  times  at  973  K,  this  due  to  additional  precipitation  of  Oj  as  confirmed  by  x-ray 
dif&action  and  transmission  electron  microscopy.  For  each  aging  condition,  the  size  of  y  plates 
was  observed  to  vary  over  a  wide  range,  the  y  plates  being  observed  to  grow  randomly. 
Finally,  the  observation  of  plateau  and  a  minima  in  the  aging  curves  at  873  K  and  973  K 
^}pears  to  be  due  to  an  increase  in  y  platelet  length  with  increasing  aging  times  this  increase 
resulting  in  the  loss  of  coherency  at  the  y/Pj  interfaces. 
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Table  1 :  Transformation  temperatures  in  K  determined  by  CDTA  of  as-cast  and  solution  treated 
samples  of  alloy  Ti-39.5A1-21.0V. 


O:transtbmiation  onset,  C:transtbrmation  complete 


1  Heating 

Cooling  1 

T1 

T2 

T3 

T4 

T1 

T2 

T3 
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Figure  1: 


Optical  microgrqrfi  showing  as-cast  microstnicture  of  alloy  Ti-39.SA1-21.0V. 


VIcker's  Microhardoess  Number  (200  g) 


Figure  S: 


Age  Hardening  Response  of  Ti>39.SAl>21.0V  (at%)  Alloy 


Age  hardening  response  of  Ti-39.5A1-21.0V 
condition  (1473  K*24hrs-water  quench). 


in  solution 


treated 


Figure  6: 


Room  temperature  x-ray  diffraction  pattern  of  sample  aged  at  873  K  (a)  for  24 
hrs  and  (b)  for  96  hrs. 
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BF-TEM  microgRq)hs  showing  microstructures  of  samples  aged  at  873  K  (a)  for 
24  his,  (b)  for  96  hrs.  The  internally  twinned  y  plates  are  also  indicated  on  the 
figure. 


BF-TEM  micrographs  showii^  microstructures  of  samples  at  973  K  (a)  for 
3  hrs,  (b)  for  6  hrs,  the  arrow  indicates  y+aj  lamellae  and  (c)  for  96  his,  (d) 
SADP  of  zone  axis  [OOlJPj  with  superimposed  two  variants  of  [llOJy  zones,  (e) 
Key  for  SADP  shown  in  (d). 


Temperature,  "C 
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s  description  of  the  age  hardening  behavior 
:  of  Oj  precipitation  is  shown  separately. 
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ABSTRACT 

The  elevated  temperature  deformation  behamr  of  ^processed  Ti-6A1-4V  has  been  examined  under 
eompresskm  conditioas  in  the  temperature  range  800  to  96S'*C  between  strain  rates  of  10^  and  10^  s'*. 
Mactxxoopic  flow  locaflattion  in  the  form  of  unstable  bulg^  was  generally  observed  throughout  the 
temperature  and  strata  rate  rqimes  investigated.  It  has  been  found  that  the  severity  of  this  flow  localization 
can  be  quantified  in  terms  of  the  flow  localization  parameter,  a.  Metallographic  observations  revealed  that 
the  observed  macrosoopic  flow  localization  was  initiated  by  microscopic  localization  associated  with  the 
breaki^  and  spheroidizatkm  of  «  platelets  situated  either  at  the  prior  f  grain  boundaries  or  within 
Widmanstitten  colomes. . 


*  Senior  Research  Engineer,  Howmedica  Division,  Pfizer  Hospital  Products  Group,  Inc.,  Rutherford,  NJ  and 
Professor  of  Mechanical  Engineering  and  Metallurgy,  Clemson  University,  Clemson,  SC. 
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Various  iinestigators{l*Sl  have  reported  that  the  incidence  of  flow  localization,  compressive  plastic 
iostabiHty  and  unstable  bulpng  in  titanium  alloys  is  critically  dependent  upon  alloy  microstructure. 
Typically,  txansformed  Wkuiustitten  ••*•0  mkrostructures  have  been  found,  under  prescribed  conditions  of 
strain  rate  and  temperature,  to  promote  Oow  localizarion.  These  mkrostnicturally  <kpeodent  flow  localization 
phenomena  appear  to  be  related  to  defonnatioa  assisted  breakup  and  spheroidkatioa  of  the  Widmanstatten 
structure  in  transformed  4  microstniiCtures(6,7I.  However  a  detailed  interrelatiwiship  between  macroscopic 
instability,  le.,  flow  localization,  and  this  microscopic  instabilty  is  still  lacking.  The  present  investigation  has 
therefore  examined  the  effects  of  temperature,  strain  r^  and  strain,  on  plastic  flow  and  microstructural 
stabifity  in  a  lH[vocesaed  Tl-dAMV  alloy.  The  objective  was  to  reveal  the  microstructural  origios  of  flow 
localization  antfto  correlate  the  degree  of  flow  localization  with  microstructural  stability. 

MATERIAL  AND  EXPERIMENTAL  PROCEDURES 

Coarse  gn^  4  processed  ri-6Al-4V  rs.86  Al,  4M  V.  0.28  Fe,  Om  Q  OM  N.  0.112  O)  was 
investigated*  The  initial  tnurostnicture  consistea  of  a  Widmanstatten  colony  structure  and  grain  boundary 
0,  Figure  L  the  average  prior  fl  grain  si»  and  the  mean  Widmanstatten  interlamellar  spacing  being  1.1  mm 
and  13  jun,  respectively. 


Figure  L  Microstructure  of  Ti-6A1-4V  alloy. 

Elevated  temperature  characterization  of  this  aUoy  utilized  both  ring  and  cylindrical  compression 
samples.  The  former  were  25.4  mm  OD,  12.7  mm  ID  and  8.458  mm  height  (63:2)  and  were  intended  for 
simultaneous  determination  of  friction  factors  and  flow  stress  behavior.  Compression  samples  were  203  mm 
in  diameter  and  303  nun  in  height  and  served  to  further  deSne  the  stress-strain  behavior,  frictional  correction 
of  the  cmnpressive  stress-strain  curves  being  accomplished  utilizing  procedures  described  previously[8]. 

Hot  compression  of  the  ring  and  cylindrical  q)ecimens  was  condimted  within  the  temperature  range 
800  to  965^  Lcn  below  the  4  transus,  in  a  ultra-high  purity  argon  atmosphere  (Oi  content  less  than  10**  ppm) 
at  three  difEerent  constant  strain  rates  (10^,  lO**,  10"  s'*).  The  specimens  were  heated  to  temperature  in  20  to 
30  minutes  and  soaked  at  temperature  for  5  minutes  prior  to  testing,  with  bwon  nitride  serving  as  the  lubricant 
between  the  specimen  and  platens.  All  specimens  were  furnace  cooled  at  approximately  20  "C/min  to  room 
temperature  after  deformation. 

Optical  microscopy  was  utilized  to  examine  the  specimens  both  prior  to  and  after  deformation,  both 
the  prior  4  grain  size  and  ^e  Widmanstatten  lamellae  spacing  and  aspect  ratio  being  measured  randomly. 


*  The  4  transus  of  this  alloy,  as  determined  by  calorimetric  differential  thermal  analysis,  was  973°C. 
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Stress- Straia  Curvet 

Representative  true  stress-true  strain  curves  are  shown  in  Figure  2.  In  each  inyanrff  the  true  stress 
increases  to  a  maamum  and  then  decreases,  the  flow  stress  tending  at  higher  strains  towards  a  saturation 

vahie.  The  extent  of  this  flow  softening  (Pet.  Flow  Softening  «  0^  mJ  » _ ^  was  a  function  of  both  strain 

rate  and  temperature.  Table  L  For  example,  at  800*C  the  extent  of  softening  increased  with  decreasing  strain 
rate,  while  at  965*C  it  increased  with  increasing  strain  rate.  Similarly,  at  a  strain  rate  of  1(F  s'‘  the  extent  of 
fibw  softening  decreased  mth  increasing  temperature,  while  at  10”  s  '  the  extent  of  softening  increased  with 
increasing  temperature.  Flnalfy,  at  the  highest  temperature  examined,  Le.,  965”C,  periodical  oscillations  in  the 
true  stress-true  strain  carves  were  observed,  the  amplitude  of  these  osdllations  tending  to  be  a  maximum  at 
intermediate  strain  rates. 

The  effect  of  temperature  on  the  maximum  flow  stress  and  the  flow  stress  at  a  true  strain  of  0 JO  are 
shown  in  Figure  3.  Both  measurements  of  the  flow  stress  were  sensitive  to  temperature  at  lower  temperatures, 
this  sensitivity  ifecreasing  as  the  4  transus  was  approached.  If  a  power  law  relationship  between  flow  stress 
ami  strain  rate,  Le.,  is  assumed,  the  rate  sensitivity  parameter  m  can  be  obtained  from  a  log-log  plot 

of  flow  stress  vs.  strain  rate.  This  determination.  Table  2,  suggests  that  the  strain  rate  sensitivity  of 
Widmansthtten  H-dAl-iV  is  generally  lower  than  that  observed  in  equiaxed  microstructures(9].  Moreover  the 
strain  rate  sensitivity  was  a  function  fA  both  temperature  and  strain  rate,  generally  decreasing  with  increasing 
strain  rate  at  each  temperature  investigated.  Hnally,  the  strain  rate  sensitivity  appeared  to  have  its  maximum 
value  at  an  intermediate  temperature,  900”C. 


Macroscopic  Observations 

Macroscopic  observatkms  indicated  that  the  dimensional  changes  of  the  ring  samples  after 
compression  were  generally  non-uniform.  Both  external  and  internal  barreling  was  observed,  the  degree  of 
barreling  varying  with  temperature  and  strain  rate.  A  measure  of  the  specimen  non-uniformity  was  obtained 
by  normalizing  the  areal  difference  between  the  maximum  and  minimum  areas  following  deformation,  {.e^ 
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(1) 


vdiere  L  is  the  degree  of  non-uniformity  introduced  during  deformation  of  the  ring  samples,  and 

and  Aq  represent  the  maximum,  minimum  and  original  cross-sectional  areas,  respectively.  Application  of  this 

procedure.  Table  3^  shows  that,  at  800”  and  900”C  the  degree  of  non-uniformity  decreased  with  increasing 

strain  rate,  while  at  96S”C  the  degree  of  non-uniformity  was  a  maximum  at  intermediate  strain  rates.  # 


Table  1.  Percent  Flow  Softening 
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Hgure  2.  True  stress-true  strain  curves 
at  a  strain  rate  of  (a)  KT*  s’*, 
(b)  lOr^  S’*  and  (c)  10*  s’* 
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Figure  3.  Flow  stress  as  a  function  of  temperature  and  strain  rate. 


Microstructiiral  Obscrratioas 

Quantitative  comparison  of  the  jt  main  size  prior  to  deformation  with  that  following  straining  indicated 
that  variatk»s  in  strain  rate  had  little  effect  on  the  grain  size,  while  increasing  the  deformation  temperature 
from  SfXFC  to  965*C  at  a  constant  strain  resulted  in  an  approximate  25  pet.  reduction  in  the  grain  size. 

Mkrostnictural  observations  within  regions  where  bulging  and  non-uniform  deformation  occurred 
revealed  various  degrees  of  grain  boundary  and  lamellar  a  spheroidization.  Figure  4.  At  S00°C  and  low  strain 
rates(lQ^  and  10^  s'‘)  breakup  and  spheroidization  occurred  preferentially  within  the  grain  boundary  a  region, 
particularly  at  grain  boundary  triple  points.  Figure  4a.  Increasing  the  deformation  temperature  to  900°C 
promoted  spheroidaatwn  of  both  grain  boundary  matrix  lamellar  «,  Figure  4b.  The  latter  occurred  initially 
through  unstable  kinking  of  the  a  lamellae  within  those  colonies  which  were  favorably  oriented  in  the  direction 
of  the  maximum  shear  stress,  le.,  at  approximately  45°  to  the  compression  axis.  When  the  deformation 
temperature  was  increased  to  965°C,  spheroidization  occurred  within  all  colonies,  although  its  extent  varied 
substantially  from  grain  to  grain  and  from  colony  to  colony.  Figure  4c. 

Finally,  quantitative  measurements  demonstrated  that  decreasing  strain  rate  and  increasing 
deformatimi  temperature  resulted  in  an  increase  in  the  lamellar  spacing  and  a  decrease  in  the  lamellar  aspect 
ratio.  Figure  S. 

DISCUSSION 


Macroscopic  Aspects  of  Flow  Localization 

Jonas  et  aL[10]  and  Dadras  and  Thomasfll]  have  suggested  that  the  onset  of  compressive  plastic 
instability  will  occur  when: 


8e  m 


(2) 


y'>i 


(3) 


where  «  is  the  rate  of  strain  rate  localization  subsequent  to  the  onset  of  instability,  i  the  true  plastic  strain,  t 
the  strain  rate,  m  the  strain-rate  sensitivity  and  y'  is  related  to  the  strain-strain-rate  parameter,  y. 


pc  oe  ~  pc 

where  q  is  the  efBdenev  of  deformation  heating  p,  the  density,  c,  the  spediic  heat  and  ^  =  db/dT. 

Numerical  evaluation  of  y',  for  examfue,  at  900°C/lCr^  s'‘,  indicated  that  y'  reached  a  maximum  at 
an  early  stage  of  plastic  deformation  and  decreased  with  increasing  strain.  Accordingly,  under  these  conditions, 
deformation  is  predicted  to  be  non-uniform  at  low  strains,  becoming  increasingly  uniform  with  increasing 
strain.  This  pre^ction  was  examined  and  verified  by  straining  a  series  of  ring  compression  samples,  the  degree 
of  specimen  non-uniformity,  X,  odiibitii^  the  pretUcted  strain  dependence.  Figure  6.  Finally,  excellent 
^eeinent  was  achieved  between  the  prediction  of  flow  localization,  i.e.,  a  >  0,  and  observed  non-uniformity. 

Microscopic  Aspects  of  Flow  Localization 

A  prominent  characteristic  of  the  hot-deformation  behavior  of  the  Ti-6Al-4V  alloy  under  the 
compression  comfltions  examined  was  extensive  flow  localization  at  relatively  slow  str^  rates.  This 
phenomenon  may  ascribed  to  either  atUabatic  heating  or  to  microstructurai  effects.  Flow  localization 
associated  with  adiabatic  heating  is  expected,  at  a  given  deformation  temperature,  to  occur  more  readily  at 
higher  strain  rates.  In  contrast,  the  results  intUcate  that  flow  localization  was  generally  more  severe  at  lower 
strain  rates.  Table  3. 

Furthermore  metailographic  observations  revealed  that  the  onset  of  flow  localization  was  always 
associated  with  breakup  and  subsequent  spheroidization  of  the  a  phase  either  at  grain  boundaries  or  within 
those  Widmanstatten  colonies  having  a  preferred  orientation  for  shear  deformation.  Enhanced  spheroidization 
of  lamellar  a  during  deformation  in  Ti-6Al-4V  is  expected  to  involve:  (i)  breakup  of  the  a  platelets  by 
deformation,  and  (ii)  coalescence  of  the  bioken  lamellae  by  thermal  diffusion.  Experimental  verification  of  this 
may  be  provided  by  comparing  samples  having  undergone  identical  thermal  histories,  with  and  without 
simultaneous  deformation. 
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Figure  4.  Optical  micrographs  of  sample  after  «=«0.3  at  (a)  800“C/10^  s  ‘,  (b)  900“C/10'^  s 
and  (c)  9d5"C/l(r's  ‘. 


INTER -LAMELLAR  SPACING  ifim) 


LAMELLAR  ASPECT  RATIO 


174 

In  contrast  to  the  microstructures  of  deformed  specimens  which  showed  some  degree  of  breakup  and 
spheroidization  of  both  main  boundary  and  lamellar  o  ac  all  temperatures,  the  thermally  treated  specimens 
exhibited  only  a  limited  degree  of  spheroidization  below  965“C.  Figure  7.  Therefore  thermal  activation  by  itself 
was  not  sufficient  to  cause  spheroidization  of  the  a  phase  at  lower  temperatures.  However,  at  higher 
temperatures,  e.g.,  965”C,  partial  spheroidization  of  a  lamellae  can  occur  prior  to  deformation,  provided  that 
the  holding  time  is  suffidently  long,  e.g.,  60  minutes.  For  the  latter  case,  since  the  actual  microstructure  of  the 
specimens  had  already  been  partially  spheroidized  prior  to  deformation,  flow  localization  is  expected  to  be, 
and  indeed  was,  significantly  reduced  when  compared  with  specimens  deformed  at  lower  temperatures  and/or 
rates,  see  Table  3. 

Table  3.  Flow  Uniformity  and  Localization 


Observations  that  breakup  and  spheroidization  of  the  a  phase  initiated  within  the  grain  boundary  a 
region  suggests  that  either  this  region  was  weaker  than  its  surroundings,  and/or  that  at  least  one  of  the  grains 
was  oriented  with  its  slip  plane  favorably  oriented  parallel  to  the  maximum  shear  stress  direction,  i.e.,  45°  to 
the  compression  a^  A  previous  study[12]  on  the  tensile  ductility  loss  of  ff  processed  Ti-6A1-4V  have  indicated 
that  flow  localization  during  hot  tensUe  deformation  also  occurred  more  readily  at  the  prior  0  grain  boundarv 
region,  these  authors  suggesting  that  this  was  due  to  the  presence  of  a  weaker  0  zone  along  the  grain  boundary 
a.  Thus,  the  existence  otthis  weaker  zone  along  the  grain  boundary  «  phase  was  postulated  to  result  in  flow 
localization  within  this  region,  when  for  example,  the  slip  plane  withm  the  weaker  0  region  coincides  with  that 
of  the  grain  boundary  a,  shear  bands  forming  within  tne  grain  boundary  a.  Indeed,  the  latter  has  been 
identified  by  Weiss,  et  al.,  [6,7]  to  be  precusors  for  the  breakup  of  the  a  platelets  during  high  temperature,  high 
strain  deformation. 

CONCLUSIONS 

The  hot  deformation  characteristics  of  ^-processed  Ti-6Ai-4V  has  been  examined  under  compression 
conditions  in  the  temperature  range  800  to  96S°C  between  strain  rates  of  10°  to  10'*  s'*  utilizing  both  ring  and 
conventional  cylindri^  samples. 

Flow  localization  in  the  form  of  unstable  bulging  was  observed  under  most  conditions.  The  severity  of 
macroscopic  flow  localization  may  be  quantified  in  terms  of  the  flow  localization  parameter  <t. 

Metallographic  observations  revealed  that  macroscopic  flow  localization  was  initiated  by  microscopic 
breakup  and  spheroidization  of  a  platelets  situated  either  at  the  prior  0  grain  boundaries  or  within 
Widmanstatten  colonies. 
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Abstract 

Dynamic  material  modeling  (DMM)  has  been  applied  to  the  analysis  of  the  mechanical 
behavior  of  a  { Widraanstdtten  +  primary  otj  +  P)  Ti-25A1-1  INb  alloy  to  establish  the  flow  stress- 
strain  rate-temperature-strain  criteria  for  stable  flow. 

Unstable  and  stable  flow  regimes  predicted  by  DMM  were  correlated  to  microstructural 
observations.  Unstable  flow  zones  were  related  to  transformation  of  orthorhombic  O  Oj, 
kinking  of  the  Oj  lamellae,  shear  band  formation  and  coarsening  of  the  dynamically  recrystallized 
grain  structure;  stable  flow  regimes  were  shown  to  be  associated  with  dissolution  of  the 
Widmanstatten  Oj,  coarsening  of  primary  Oj,  and  dynamic  spheroidization  of  the  lamellar  a, 
microconstituents. 


Introduction 


Increased  attention  has  recently  focused  on  substitution  of  low-density  titanium  aluminides 
for  nickel-base  superalloys  at  high  temperatures.  While  various  aluminide  systems  have  been 
examined.  TijAl-Nb  (a2+P)-base  alloys,  which  exhibit  intermediate  properties  between 
conventional  o/a+P  Ti-alloys  and  y-TiAl  intermetallics[l].  appear  to  offer  the  highest  potential 
for  near-term  application.  Moreover,  several  studies  have  shown  that  an  excellent  balance 
between  low  temperature  ductility/fracture  toughness  and  high  temperature  performance  can  be 
achieved  in  these  materials  through  control  of  grain  size.  volume  fraction,  ou  phase 
morphology  and  ^  phase  distribution[2]. 

Attainment  of  these  properties  will  require  careful  selection  of  manufacturing  process 
control  parameters.  For  example,  understanding  and  developing  a  control  strategy  which  considers 
the  relationship  between  initial  microstructure,  processing  conditions  and  final  microstructuie  will 
be  necessary.  Previous  attempts  at  process  control  have  been  based  on  either  a  knowledge  of 
atomic  processes  that  define  selected  deformation  mechanisms[3],  or  mechanistic  models  for 
defect  nucleation[4].  Unfortunately  their  applicability  is  limited  to  simple  engineering  materials, 
e.g.,  stable  single  phase  alloys.  Recently  a  newer  me  Aod  has  been  formulated  that  removes  these 
constraints[S-7].  This  method.  Dynamic  Material  Modeling  (DMM),  combines  a  continuum 
mechanics  based  stability  analysis  wiA  the  principles  of  irreversible  thermodynamics  to  define 
"stable"  regions  of  strain,  strain  rate  and  temperature. 

Dynamic  material  modeling  assumes  that  the  instantaneous  power  P  absorbed  by  the 
workpiece  during  plastic  flow  is  dissipated  by  partitioning  into  a  dissipator  content  G,  which  is 
the  work  dissipated  by  plastic  work,  and  is  related  to  continuum  effects,  and  a  dissipator  co¬ 
content  J,  which  is  the  work  related  to  the  metallurgical  mechanisms  which  occur  dynamically 
to  dissipate  power,  and  is  therefore  related  to  microstructural  changes.  The  power  P  can  then  be 
written  as: 

P  *  o.e  *  f*  tjdo  +  f*  ajiz  -  J*G  (1) 

Jq  Jo 


where  o  is  the  effective  stress  and  e  is  the  effective  strain  rate. 

Specific  DMM  parameters  are  defined  as  efficiency,  q,  and  the  entropy  factor,  s.  The 
efficiency  represents  the  power  dissipating  ability  of  the  workpiece  normalized  with  respect  to 
the  total  power  input  to  the  system: 


J  _  2m 


(2) 


where  m  is  the  strain  rate  sensitivity: 
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The  entropy  factor  in  turn  is  related  to  the  ratio  of  the  rate  of  entropy  produced  by  the 
system  with  respect  to  the  rate  of  entropy  applied  to  the  system: 


Based  on  continuum  mechanics  and  extremum  irreversible  thermodynamics  principles, 
four  stability  criteria  can  be  derived  and  utilized  to  establish  "stable"  zones  within  strain  rate- 
temperature  processing  maps.  The  four  stability  criteria  are: 

0  <  m  <  1 


gtl 

fiOoge) 
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S  >  1 
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This  approach  has  been  validated  for  deformation  of  several  simple  and  advanced 
materials[7-13],  wherein  dynamic  recrystallization  and,  to  a  lesser  extent,  dynamic  recovery  have 
been  shown  to  be  predominant  energy  dissipative  mechanisms  in  "stable"  regions.  "Unstable" 
regions  have  similarly  been  associated  with  cavitation,  wedge  cracking,  kinking,  and  particle 
cracking. 

Studies  of  titanium-base  alloys[8,14-18]  also  indicate  that  morphological  reairangements, 
principally  those  associated  with  dynamic  spheroidization  of  Widmanstatten  or  lamellar 
microstructures  during  deformation  processing,  are  important  high  temperature  dissipative 
machanisms.  These  studies  have  shown  that  dynamic  spheroidization  is  a  highly  efficient  process, 
■q  “  30-40%  [8,16];  indeed  optimized  processing  of  Widmanstatten  and  lamellar  a-P 
microstructures  is  best  undertaken  within  the  strain  rate-temperature  region  associated  with  this 
dissipative  mechanism. 

This  study  was  undertaken  to  examine  to  what  extent  the  contribution  and  benefits 
associated  with  morphological  rearrangements  in  high  temperature  "stable"  deformation  might 
be  realized  in  a  forged  TijAl+Nb  (Oj+P)  interraetallic  alloy  [Ti-25Al-llNb  (at.%)],  the  latter 
possessing  an  initial  lamellar  microstructure. 


Experimental  details 
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Material  characterization 

The  TijAl-Nb  alloy  investigated,  Ti-25Al-llNb  (at.%),  was  supplied  by  TIMET  and  was 
received  as  a  152.4  mm  thick  slab  having  previously  been  forged  from  a  3400  kg  triple  vacuum 
melted  production  ingot  Prior  thermal  history  consisted  of  heating  to  1533  K  (1260°C),  holding 
at  this  temperature  for  8  hours,  forging,  and  then  air  cooling  to  ambient  temperature.  Table  1  lists 
the  chemical  composition  of  the  alloy. 

The  as-received  microstructure  exhibited  primary  ocj  (ct^  colonies  in  a  transformed 
secondary  Widmanstatten  Oj*  +  Pt  matrix.  Figure  1.  Ambient  temperature  x-ray  diffraction 
revealed  an  a-  +  P  (ordered  OOi^  +  disordered  bcc)  structure,  with  a  small  quantity  of  an 
orthorhombic  phase  O,  the  latter  characterized  by  the  presence  of  "shoulders"  at  the  identified 
0(2  peaks. 


Elevated  temperature  compression  testing 

Cylindrical  samples  (Lo=30.48mm,  Do=20.32mm,  L/D  ratio=1.5)  were  machined  parallel 
to  the  forging  axis.  Ring  samples  with  a  typical  OD/ID/H  (outside  diameter,  mside  diameter,  and 
height,  respectively)  ratio  of  6/4/2,  were  also  deformed  to  evaluate  frictional  correction 
factors[20].  Boron  nitride  was  used  as  the  lubricant  with  HfC  dispersion  strengthened  Mo  (T  < 
1373  K)  or  SiC  (T  >  1373  K)  compression  platens. 

Uniaxial  hot-compression  was  performed  in  high  purity  argon  environment  (<lppb  Oj). 
Prior  to  testing,  a  vacuum  of  1  mPa  was  achieved  and  the  chamber  was  then  backfilled  to  a 
pressure  of  13.8  kPa  with  high  purity  gettered  argon  gas.  A  titanium  gettering  charge  was  also 
placed  next  to  the  sample  for  additional  oxidation  protection.  In  all  tests,  specimens  were  heated 
at  a  constant  heating  rate  of  20  K/min,  soaked  at  deformation  temperature  for  10  minutes  prior 
to  testing,  tests  being  conducted  at  temperatures  of  1073  K,  1173  K,  1273  K,  1348  K,  1398  K, 
1423  K,  and  1473  K,  the  deformation  temperature  being  monitored  within  ±  1  K  by  two  type  C 
thermocouples  spotwelded  to  the  sample.  Compression  testing  to  a  true  strain  of  «  0.65  (50  % 
deformation)  at  five  different  constant  true  strain  rates  (10^,  lfi^  10'*,  10'*,  and  1  s  ')  was 
performed  in  stroke  control,  the  constant  strain  rate  being  achieved  by  utilizing  an  exponential 
decay  signal  input  Deformation  times  at  temperature  were  approximately  1 17  min.,  1 1  min.,  70 
sec.,  7  sec.,  and  0.7  sec,  respectively. 

In  order  to  retain  the  in-situ  microstrucmre  after  deformation  for  subsequent 
microstructure  observations,  the  samples  were  gas-jet  cooled  (••  200  K/min  down  to  873  K,  the 
cooling  decreasing  to  -  10  K/min  from  873  K  to  ambient  temperature)  immediately  following 
straining.  Non-deformed  samples  were  also  prepared  in  the  same  system  by  heating  at  20  K/min, 
soaking  for  ••  2  hours  (soak  time  similar  to  the  longest  deformation  processing  time,  that  is  at 
a  strain  rate  of  lO^s  '),  and  cooled  using  the  same  quenching  procedure. 

Data  acquisition  involved  recording  load  and  stroke  vs.  time.  Corrections  of  the  flow 
stress-strain  data  for  friction  and  deformation-heating  effects  were  performed.  Friction  corrections 
were  derived  from  the  conventional  ring  testing  proc»dure[20,21],  in  which  the  average 
pressure/true  plastic  strain  data  wv  e  converted  to  true  stress/true  plastic  strain  using: 


o  =p/^l 


(9) 


where  o  =  average  axial  true  flow  stress  corrected  for  friction,  e  =  true  plastic  strain,  p  =  average 
pressure,  /  =  interfacial  friction  factor,  and  Dq/Lq  =  initial  diameter  /  initial  height  of  the 
cylindrical  samples. 

Corrections  for  deformation  heating  effects  were  achieved  using  a  procedure  previously 
described[22],  where  the  temperature  rise  due  to  deformation,  AT,  could  be  calculated  as: 

A7’= -i— (10) 
l+m cpJo 

where  m  is  the  strain  rate  sensitivity.  The  other  coefficients  are(23]:  c  =  0.63  J.(gm.°C)  ‘  = 
specific  heat;  p  =  4.30  gm.(cm^)'‘  =  density;  P  =  fraction  of  heat  not  dissipated  into  the  dies 
during  testing,  generally  a  function  of  strain  rate,  values  having  been  chosen  from  0.7  (1  s  ')  to 
0.3  (KT's  '). 

The  integral  equation  (10)  was  calculated  by  using  the  trapezoid  formula.  For  each  flow 
curve,  plots  of  flow  stress  v^.  temperature  T*’^  (  T^’^  =  T(e=0)  +  AT(ei)  )  were  constructed  at 
various  regularly  incremented  strain  levels  (Cj  =  0.05, 0.2, 0.35, 0.5, 0.65)  for  a  given  strain  rate, 
true  flow  stress  values  corresponding  to  true  deformation  temperatures  being  then  calculated  by 
linear  extrapolation  of  these  plots. 

Microstructural  observations 

Metallographic  studies  were  perfonned  by  optical  and  electron  microscopy  on  the  as- 
deformed  (e  «  0.65)  samples.  The  latter  were  sectioned  at  their  medium  section  parallel  to  the 
compression  axis,  surfaces  of  observation  then  being  polished  and  finally  etched  with  Kroll’s 
reagent  for  optical  metallography  studies.  Microstructural  observations  were  conducted  in  the 
center  zone  of  the  sections,  disregarding  all  surface  features. 


Results 

Representative  corrected  true  stress  -  true  plastic  strain  curves  for  Ti-25Al-llNb  are 
shown  in  Figure  2  '.  At  low  temperatures  and  high  strain  rates  the  flow  curves  exhibit 
continuous  strain  hardening.  Figure  2a.  By  comparing  Figure  2a  and  2b.  it  can  be  noted  that  as 
the  test  temperature  increases  and/or  the  strain  rate  decreases,  a  gradual  transition  in  the  plastic 
flow  behavior  is  observed.  Initial  strain  hardening  at  low  strains  is  followed  by  flow  softening, 
until  at  high  strains  steady  state  flow  is  established.  Ultimately  increasing  temperature  and/or 
decreasing  strain  rate  resulted  in  elimination  of  the  initial  strain  hardening  regime,  flow  softening 


‘  At  tlw  lowest  temperature  examined,  1073K,  the  uncorrected  flow  curves  exhibited  strain 
hardening  at  low  strains,  followed  by  a  maxima  and  flow  softening,  with  a  steady  state  stress 
beiHx  achieved  Hx  high  strains.  Following  correction  for  adiabatic  heating  this  flow  softening 
was  eliminated  at  the  highest  strain  rate,  e.g.,  1  s  ',  the  isothermal  flow  stress  curves  exhibiting 
strain  hardening. 


commencing  upon  yielding.  Figure  2b 

As  the  ^  transus  (1432  K)[19]  is  approached,  that  is,  at  temperatures  where  an  Oj  — »  a 
transformation  occurs[191  and  the  volume  fraction  of  ^  phase  is  high  (>  80  %)[24],  the  flow 
curves  exhibit  an  initial  flow  stress  drop  followed  by  steady-state  behavior.  This  flow  stress  drop 
is  not  observed  at  temperatures  below  1398  K,  nor  at  lOr*  and  10'^  s  *  above  this  temperature.  The 
amplitude  of  the  yield  drop  decreases  with  increasing  temperature  and  decreasing  strain  rate.  The 
importance  of  the  P  phase  in  controlling  the  initial  deformation  behavior  at  these  temperatures 
is  confirmed  by  the  observation  of  the  same  initial  yield  behavior  at  1473  K,  i.e.,  above  the  P 
transus,  where  the  material  is  single  phase  The  ^pearance  of  this  flow  stress  peak  in  the 
deformation  behavior  of  near  P  /  P  phase  alloys  has  been  previously  reported  in  Ti-6Al-2Sn-4Zr- 
2Mo-0.1Si  [15],  Ti-Mn  and  Ti-V[25]  and  Ti-15V-3Al-3Cr-3Sn[26]  alloys  where  it  has  been 
related  to  an  initial  rapid  increase  in  mobile  dislocation  density  at  small  strains. 

Figure  3  summarizes  the  dependence  of  the  flow  stress  of  Ti-2SA1-1  INb  upon  temperature 
and  strain  rate.  The  flow  stress  generally  decreases  with  increasing  temperature,  the  flow  stress- 
temperature  dependence  being  a  distinct  function  of  strain  rate  and  strain,  with  the  rate  of  change 
of  fiow  stress  with  temperature  increasing  with  increasing  strain  rate  and  strain.  Finally, 
comparison  of  the  flow  stress  -  temperature  dependence  of  Ti-25Al-llNb  with  more  conventional 
a+P  alloys[15-17]  demonstrates  that  the  former  exhibits  a  stronger  flow  stress  dependence  upon 
temperature,  i.e.,  (do/dTllOj-i-P}  -  1.3(do/dT){a+P}. 


Discussion 

The  results  of  Ti-2SA1-1  INb  high  temperature  compression  experiments  have  confirmed 
that  the  fiow  stress-strain-temperature-strain  rate  behavior  of  this  alloy  is  complex  and  carmot  be 
simply  described  based  on  single  phase,  thermally  stable  materials.  Indeed,  it  has  previously  been 
established  that  the  initial  Widmanstatten  +  primary  Oj  microstructure  examined  in  this  study  is 
thermally  unstable[19].  I^hronal  exposure  to  elevated  temperatures  first  results  in 
transformation  of  the  orthorhombic  O  phase  to  Oj,  with  sequential  coarsening  and  dissolution  of 
the  morphologically  distinct  oq  pha^.  Table  2.  Furthermore,  the  relative  proportion  of 
Widmanstatten  and  primary  02  exhibits  a  clear  dependency  upon  temperature,  the  volume  fraction 
of  Widmanstatten  oq  decreasing  with  decreasing  temperature.  Indeed,  at  temperature  above  1394 
K  only  primary  disordered  a  is  observed  ’  [19]. 

This  knowledge  of  the  thermal  stability  can  be  coupled  with  dynamic  materials  modeling 
(DMM)  to  select  optimal  deformation  conditions,  temperature  and  strain  rate,  for  high 
temperature  processing  of  Ti-2SAl-llNb.  In  this  approach,  the  strain  rate  sensitivity,  m,  is 
considered  to  be  a  function  of  both  temperature  and  strain  rate.  Figure  4.  Such  a  dependence  of 


^  The  low  temperature  fiow  curves  exhibit  an  inverse  strain  rate  behavior  corresponding  to 
negative  m  values  at  low  strain,  e  <  0.1,  and  at  the  two  extreme  strain  rates,  1  and  lO^s'V 

^  The  existence  of  disordered  a  immediately  below  the  ^  transus  was  established  by  high 
temperature  x-ray  diffraction,  the  absence  of  characteristic  ordered  ocj  diffraction  peaks  being 
confirmed  through  the  use  of  rocking  curves  which  showed  no  trace  of  ordered  peaks  at 
temperatures  just  below  the  P  transus. 
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m  upon  temperature  and  strain  rate  in  Ti-24Al-llNb  has  been  confirmed  by  Dutta  and 
Banetjee[24].  They  reported  that  this  alloy  may  be  superplastic  (m  «  0.6)  at  low  strain  rate 
(3.3xlO“*s  ‘)  and  intermediate  temperatures  (1233  -  1293  K),  the  maximum  elongation  (520  %) 
being  observed  at  1253  K.  In  comparison,  the  highest  m  values  observed  in  this  study  lay  within 
two  distinct  temperature  regions,  tetween  1348-1398  K  where  the  microstructure  was  o^/ot  +  p, 
and  between  1423-1473  K  where  the  deformation  behavior  was  controlled  by  the  P  phase. 
Furthermore,  within  the  lower  temperature  region,  high  m  values  were  noted  at  both  low  strain 
rates,  10^s'‘,  and  at  high  rate.  Is  '. 

Figure  5  summarizes  the  effect  of  strain  rate  and  temperature  on  the  deformation 
efficiency,  t|,  at  three  different  strains,  i.e.,  0.05, 0.35,  and  0.65.  At  low  and  intermediate  strains, 
the  efficiency  increases  with  increasing  temperature  within  the  a^a  +  ^  phase  field.  Maximum 
values  are  obtained  at  -  1373  K,  r^proximately  70  K  below  the  P  transus,  where  the 
microstructure  contains  75  vol.%  3  and  25  vol.%  CLja[2A\.  A  secondary  maximum  is  also 
observed  under  these  strain  conditions  at  intermediate  rates  above  the  3  transus. 

Increasing  the  deformation  strain  to  0.65  results  in  the  introduction  of  an  additional 
efticiency  maximum  at  1273  K  /  10'*s''  within  the  OLja  +  3  phase  region  and  the  elimination  of 
the  maximum  previously  observed  at  temperatures  above  the  3  transus.  This  low  temperature,  low 
strain  rate  maximum  is  observed  under  similar  conditions  reported  by  Dutta  and  Baneijee[24]. 

Unstable  regions  combining  both  mechanistic  stability  criteria,  0  <  m  <  1  and  ^Sloge 
<  0,  are  also  shown  as  grey-shaded  areas  in  Figure  5.  Unstable  deformation  based  on  these 
criteria  i$  observed  at  high  strain  rate,  e.g,  1  s  ',  at  temperatures  below  the  3  transus,  and  at  low 
strain  rates  both  near/above  the  beta  transus  and  at  low  temperatures,  e.g.,  1073  K.  In  addition, 
at  the  highest  strain  examined,  an  instability  region  is  observed  at 
1373  K  /  lords  '. 

At  the  lowest  temperature  examined,  1073  K,  previous  studies[  19,27]  have  shown  that  the 
orthorhombic  phase  is  unstable,  transforming  to  ocj.  Presumably  the  negative  strain  rate  sensitivity 
observed  at  both  high  and  low  rates  *  is  associated  with  this  transformation[9].  This  instability 
is  accompanied  by  concurrent  observations  of  flow  localization.  Figure  6.  At  high  strain  rates  in 
the  0(2+3  phase  field,  flow  localization  was  also  associated  with  kinking  and/or  cracking  of  the 
brittle  lamellae,  Hgure  7a,  and  shear  band  formation.  Figure  7b. 

Microstructural  studies  indicated  that  coarsening  of  the  dynamically  recrystallized  grain 
structure  was  a  primary  cause  for  flow  instability  within  the  low  strain  rate  /  high  temperature 
regime.  A  comparison  with  the  initial  grain  size,  d  -  0.7  mm,  Kd  •>  1.5,  ’  indicates  that 
deformation  at  1  s  '  within  the  temperature  range,  1423-1473  K,  results  in  a  decrease  in  d,  ■>  0.28 
mm.  and  an  increase  in  ^d,  «  2.0.  Decreasing  the  strain  rate  to  lO'^s  '  results  in  dynamic 
recrystallization  of  the  single  phase  3  grain  structure  which  becomes  equiaxed,  d  «  0.25  mm. 
Finally,  with  a  further  decrease  in  strain  rate  to  lO'^s  ',  the  grain  structure  remains  equiaxed,  the 


*  At  high  rates,  adiabatic  heating  assists  the  O  ->  ocj  transformation.  For  example,  large 
temperature  corrections  (AT^s^  increase  =  76  K)  to  the  flow  stresses  were  required  at  strain  rates 
t  lO^'s  '  and  at  temperatures  ^  1 173  K. 

^  Since  the  initial  grain  size  of  the  as-forged  alloy  was  not  equiaxed,  characterization 
involved  measurement  of  both  minor,  d,  and  major,  t,  dimensions,  the  former  lying  parallel,  the 
latter  perpendicular  to  the  compressive  axis. 
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grain  size  however  increasing  to  d  «  0.76mm. 

Further  DMM  deliberation  of  flow  involves  consideration  of  the  entropy  factor,  s.  Figure 
8.  Maximum  values  of  s  are  observed  at  low  strain  rates,  lO^s  '  and  intermediate  temperatures. 
1273' 1373  K.  While  this  location  is  independent  of  strain,  the  absolute  value  of  s  decreases  with 
increasing  strain.  Unstable  regions  combining  both  thermodynamic  stability  criteria,  s  >  1  and 
SsfSloge  <  0,  are  also  shown  in  Figure  8.  Unstable  deformation  based  on  these  criteria  is 
observed  at  (i)  low  temperature  and  medium  to  high  strain  rates,  (ii)  low  strain  rates  and  high 
temperatures,  and  (iii)  for  low  strains  at  high  temperatures.  The  former  conditions,  (i)  and  (ii), 
ate  similar  to  those  previously  considered  by  the  mechanistic  criteria  and  have  been  related 
respectively  to  the  O  ->  ocj  transformation  and  coarsening  of  the  dynamically  recrystallized  grain 
structure.  In  contrast,  the  instability  region  observed  at  low  strains,  high  rates  and  high 
temperatures  appears  to  be  related  to  the  appearance  of  the  initial  yield  drop  phenomenon.  Figure 
2(c)  and  (d). 

Values  of  activation  energy  for  Ti-25Al-llNb  were  calculated  to  assist  in  defining  operative 
microstructural  mechanisms  in  high  temperature  deformation.  A  general  power  law  equation  was 
assumed  to  characterize  the  deformation  process: 


where  A  is  a  microstructure-dependent  constant,  n  the  stress  dependence  of  the  strain  rate,  R  is 
the  gas  constant,  and  Q,  is  the  apparent  activation  energy.  In  order  to  eliminate  microstructural 
changes  induced  by  deformation,  computations  of  Q,  were  performed  at  low  strain,  e  =  0.05, 
activation  energy  considerations  being  generally  based  on  isostructural  conditions. 

Q,  values  for  'n-25Al-llNb,  Figure  9,  could  be  divided  in  three  regions,  i.e.,  (i)  a  low 
temperature,  T  <  1173  K,  region  with  a  low  (<  400  kJ/mol),  (ii)  an  intermediate/high 
temperature  region,  1 173  K  <  T  <  1398  K,  with  high  values  ranging  from  700  to  1 100  kJ/mol, 
Q,  being  maximum  at  ••  1298  K  and  at  strain  rates  <  10^*5'*,  and  (iii)  a  high  temperature  region 
near/above  the  P  transus  associated  with  low  activation  energy  values  («  400  kJ/mol),  the  latter 
increasing  slightly  with  increasing  rate.  The  low  activation  energy  in  region  (i)  is  in  good 
agreement  with  values  between  200  and  370  kJ/mol  reported  in  the  case  of  creep  and  superplastic 
deformation  of ’n-24Al-l  INb  [28,29].  The  Q,  values  computed  in  regions  (ii)  and  (iii)  are  similar 
to  previous  values  obtained  by  Semiatin  et  al.  [18]  in  cast  Ti-24Al-llNb  where  Q  values  of 
815-1080  and  278  kJ/mol  were  found  in  testing  conditions  laying  within  zones  (ii)  and  (iii), 
respectively.  Furthermore,  the  high  values  of  activation  energy  observed  at  intermediate/high 
temperatures,  region  (ii),  have  been  suggested  to  be  related  to  the  deformation  characteristics  of 
the  ordered  Oj  phase,  in  contrast  to  disordered  a+P  titanium  alloys  [30]. 

As  illustrated  by  Figure  10,  which  combines  both  mechanistic  and  thermodynamic  criteria 
to  establish  the  optimal  strain  rate  and  temperature  regime  for  "stable"  flow,  this  high  Q  regime 
is  located  within  the  stable  processing  window  predicted  by  DMM,  i.e.,  within  temperatures 
ranging  from  1223  to  1398  K  at  strain  rates  below  10'^  s'‘.  Comparison  of  microstructural 
observations  for  undeformed  and  deformed  specimens.  Figure  11  and  12  respectively,  indicate 
that  this  stable  flow  region  in  [Widmanstatten  +  primary [otj  /  p  Ti-25Al-llNb  is  associated  with 
dissolution  of  the  Widmanstatten  secondary  Oj,  coarsening  of  the  primary  otj,  and  dynamic 
spheroidization  of  the  lamellar  ocj  microconstituents. 


185 


Condustons 

Analysis  of  the  mechanical  behavior  of  Widmanstatten  +  primary  otj  +  p  Ti-25Al-llNb 
has  confirmed  that  dynamic  material  modeling  (DMM)  can  be  utilized  to  establish  the  flow 
stress-strain  rate-temperature-strain  criteria  for  stable  flow. 

The  corrected  true  stress-true  plastic  strain  behavior  of  this  alloy  at  low  temperatures  and 
high  strain  rates  was  characterized  by  continuous  strain  hardening.  As  the  test  temperature 
increased  and/or  the  strain  rate  decreased,  the  extent  of  this  strain  hardening  regime  decreased. 
Ultimately  initial  yielding  was  immediately  followed  by  flow  softening  with  steady  state  flow 
conditions  being  observed  at  higher  strains. 

Unstable  regions  predicted  by  DMM  were  related  to  transformation  of  orthorhombic  O 
Oj,  kinking  of  the  Oj  lamellae,  shear  band  formation  and  coarsening  of  the  dynamically 
recrystallized  grain  structure. 

Stable  flow  regimes  as  predicted  by  DMM  were  shown  to  be  associated  with  dissolution 
of  the  Widmanstatten  cxj,  coarsening  of  primary  a^,  and  dynamic  spheroidization  of  the  lamellar 
ot}  microconstituents. 
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Table  1.  Chemical  composition  of  Ti-25Al-llNb. 


Ti 

A1 

Nb 

O 

C 

N 

Fe 

aL% 

bal. 

24.95 

10.83 

0.26 

0.26 

0.04 

0.042 

WL% 

bal. 

14.25 

21.30 

0.09 

0.09 

0.012 

0.05 

Table  2.  Phase  transfonnations  of  Ti-25Al-llNb  [19]. 


1  Temperature  (  K) 

Phases 

1  <  1079 

{P,+a2®}-MX2'’+0 

1079  -  1394 

{^■hx2®}-kx2'’  Dissolution/Disordering 

Morphological  rearrangement 

1394  -  1432 

P-KX 

>  1432 

P 

Fig^  1.  Optical  micrograph  of  Ti-25AI-llNb  microstnictuie  in  the  as-forged  condition, 
exhibiting  primary  colonies  in  a  transformed  P  matrix  (Widmanstatten  secondary  Oa^+Pt). 


Tniesiiess  (MPa) 
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Trae  plastic  strain 


Figure  2.  Continued 
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Log  (strain  rate) 


Figure  4.  Dependence  of  temperature  and  strain  rate  on  strain  rate  sensitivity  m  at  e  =  0.35  in 
Ti-25Al-llNb. 
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Figure  5.  Efficiency,  Tj,  as  a  function  of  temperature  and  strain  rate  at  strains  of  (a)  0.05,  (b) 
0.35,  (c)  0.65.  The  shaded  areas  are  unstable  zones  as  defined  by  mechanistic  stability  criteria. 


Log  (strain  rate) 


Log  (strain  rate) 


Figure  6.  Optical  microstructore  of  the  as-deformed  (e  =  0.65)  Ti-25A1-1  INb  sample  at  constant 
tnu  strain  rate  of  lO^s**  and  deformation  temperature  of  1 173  K. 


p  Figure  7.  Optical  microstnictores  of  the  as-deformed  (e  =  0.65)  H-25Al-llNb  samples  at 

constant  tn^  strain  rate  of  1  s'*  and  defoimation  temperature  of  (a)  1173  K  and  (b)  1273  K. 
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Figure  8.  Entropy  parameter,  s,  as  a  function  of  temperature  and  strain  rate  at  strains  of  (a)  0.05, 

(b)  0.35,  (c)  0.65,  The  shaded  areas  are  unstable  zones  as  defined  by  thermodynamic  stability  | 

criteria. 


4 


Log  (strain  rate) 


;>n] 


a,  +  ^ 

+  o 

10731 

0 


-4  > — 
1073 


«2  ^  ^ 


1173 


'  '  / f' 

''  I 

-  J 

.  .  V*.  As<C  I 

V  f 

'  ,  >;  '  E-'  1 


ai2'*dUsoiutioa  +  fi 
1273  1 


L  «-0»0^0> 

'  1  1  * 


/  !  I  ^-tnieCloi  ^  (O 

«5  /\  — CN  CM 


1373 


1173  1  273  1  373 

Temperature  (  K) 


Figure  8.  Continued. 
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Figure  9.  Contour  maps  illustrating  activation  energy  (kJ/mol)  in  Ti-25Al-llNb  as  a  function 
of  temperature  and  strain  rate. 
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Rgure  10.  Continued. 
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Figure  10.  Continued. 
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Hgure  12.  Optical  microstractuies  of  the  as-defonned  (e  =  0.65)  Ti-25Al-llNb  samples  at  1273 
K  at  constant  true  strain  rate  of  (a)  1  s  ‘,  (b)  lO^V*,  (c)  10^s*‘, 
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Abstract 

Dynamic  material  modeling  (DMM)  analysis  has  been  employed  to  examine  the  high 
strain,  elevated  temperature  mechanical  behavior  of  Widmanstatten  (aj  +  0)  Ti-26Al-10Nb-3V- 
IMo.  Flow  tegiines  predicted  by  this  analysis  were  then  correlated  with  microstnictural 
observations.  Unstable  flow  zones  were  associated  with  oz  platelets  kinking  and  shear  band 
fonnatkm  in  the  ae2+/3-l4iase  field;  with  flow  localization  at  grain  boundaries  and  dynamic  grain 
growth  in  the  l3-phase  field.  Stable  flow  regimes  were  associated  with  dynamic  spheroidization 
of  the  Widmanstatten  02  platelets  in  the  a2+0-phase  field,  aixl  to  dynamic  redrystallization  in 
the  jS-phase  field. 


Introduction 

Numerous  studies  of  the  titanium  aluminides  have  been  undertaken  during  recent  years 
aimed  at  increasing  the  high  temperature  capability  of  titanium-base  alloys  eventually  leading  to 
the  substitution  of  these  low-density  materials  for  nickel-base  superalloys.  While  various 
aluminide  systems  have  been  examin^,  Ti3Al-base  alloys,  which  exhibit  intermediate  properties 
between  conventional  oila+0  Ti-alloys  and  7-TiAl  intermetallics  [1],  appear  to  offer  the  Idghest 
potential  for  near-term  application.  The  necessity  to  improve  the  poor  ductility  and  fracture 
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toughness  of  these  alloys  has  required  the  additions  of  /3-stabilizing  elements,  such  as  Nb,  V, 
or  Mo.  For  diis  (Mirpose,  a  series  of  TijAl-CNb.V.Mo)  alloys  were  develop^  based  on  an  +/3 
miciostiuctuie,  Ti-25Al-10Nb-3V-lMo  (at.%)  "super-otj”  being  among  the  most  promising 
c(HiqK»itions. 

Further  investigations  [2-4]  have  shown  that  the  room  temperature  ductility  and  fracture 
toughness  of  (<X2+/3)-titanium  aluminides  can  be  additionally  enhanced  through  control  of 
vohune  fraction,  phase  morphology,  0  phase  distribution  and  grain  size.  Therefore,  attainnKnt 
of  optimized  properties  requires  careful  selection  and  control  of  manufacturing  process  control 
parameters.  As  a  consequence,  relationships  between  initial  microstructure,  processing  conditions 
and  final  microstructure  should  be  investigated.  In  this  regard,  previous  attempts  at  process 
control  have  been  based  on  either  a  knowledge  of  atomic  processes  that  define  selected 
deformation  mechanisms  [5],  or  mechanistic  models  for  defect  nucleation  [6].  Unfortunately 
their  ai^licability  is  limited  to  sm:q>le  engineering  materials,  e.g. ,  stable  sii^le  phase  alloys.  A 
newer  method.  Dynamic  Material  Modeling  (DMM),  has  been  recently  formulated  [7-9]  that 
allows  the  study  of  advanced  materials,  e.g.,  multi-phase  alloys.  This  method  defines  "stable" 
plastic  flow  regions  of  strain  rate  and  temperature  at  selected  strains. 

Dynamic  material  modeling  assumes  that  the  instantaneous  power  P  absorbed  by  the 
woriqiiece  during  plastic  flow  is  dissipated  by  partitioning  into  a  dissipator  content  G,  which  is 
the  wink  diss^ted  by  plastic  work,  and  is  related  to  contimium  effects,  and  a  dissipator  co¬ 
content  J,  udiich  is  the  worit  related  to  the  metallurgical  mechanisms  which  occur  dynamically 
to  dissipate  power,  and  is  therefore  related  to  mk:rostrtictural  changes.  The  power  P  can  then 
be  written  as: 

— 

P  -  0.7  -  f*  7.do  +  r*  7.c7  -  J+G  (1) 

Jo  Jo 


where  o  is  the  effective  stress  and  e  is  the  effective  strain  rate. 

Based  on  continuum  mechanics  and  extremum  irreversible  thermodynamics  principles, 
four  stability  criteria  can  be  derived  and  utilized  to  establish  "stable"  zones  within  strain  rate- 
temperature  processing  maps.  The  four  sability  criteria  are: 

0  <  m  <  1  (2) 


(3) 


s  >  1 


(4) 


6s 

6  (log?) 


T.t 


<  0 


(5) 


209 


where  m,  the  strain  rate  sensitivity  factor,  is  defined  as 


m  - 


6 (logo) 
a  (log?) 


(6) 


t.T 


and  s,  the  entropy  factor,  is  related  to  the  ratio  of  the  rate  of  entropy  produced  by  the  system 
with  respect  to  the  rate  of  entropy  applied  to  the  system: 


6  (Ino) 


l-r) 


(7) 


This  i^roach  has  been  applied  and  validated  for  deformation  of  several  simple  and 
advanced  materials  [9-14]  wherein  dynamic  microstnictural  rearrangements,  e.g.,  dynamic 
recrystallization-recovery  or  spheroidization,  have  been  shown  to  be  predominant  energy 
dissipative  mechanisms  in  "stable”  regions.  "Unstable”  regions  have  similarly  been  associated 
with  microstructural  features  such  as  cavitation,  wedge  cracking,  kinking,  and  particle  cracking. 
In  particular,  studies  of  titanhim-base  alloys  and  titanium  aluminides  indicate  t^t  morphological 
rearrangements,  principally  those  assocu^  with  dynamic  recrystallization  of  a-  or  a2-phase 
microconstituents  [14,15-16,19]  or  spheroidization  of  lamellar  y+a^/a  microstructures  [11,12] 
duriiig  deformation  processing,  are  primary  high  temperature  dissipative  mechanisms,  optimized 
processing  of  titanium  aUoys/alummides  being  best  undertaken  within  the  strain  rate-temperature 
region  associated  with  th^  dissipative  mechanism. 

This  study  was  undertaken  to  investigate  various  influences  of  morphological 
rearrangements  on  the  high  strain,  high  temperature  deformation  mechanisms  in  a  forged  Ti- 
26Al-10Nb-3V-lMo  (at.%)  alloy,  exhibiting  an  initial  Widmanstatten{a2+/3}  +  grain  boundary 
oj  microstructure.  Further  comparison  with  Ti-25Al-llNb  [14],  which  possesses  an  initial 
Widmanstatten{a2+j3}  +  primary  02  microstructure,  will  be  also  presented  to  provide  a  general 
framework  detailing  the  high  temperature,  high  strain  flow  characteristics  of  T^Al-fNb,  V,Mo) 
(o^+jS)  intermetallics. 


Experimental  details 


Material  Char 

The  TisAI-Nb  alloy  investigated,  Ti-26Al-10Nb-3V-lMo  (at.  %),  was  supplied  by  TIMET 
and  was  received  as  a  152.4  mm  thick  slab  having  previously  been  forged  from  a  3400  kg  triple 
vacuum  melted  production  ii^ot.  Prior  thermal  history  consisted  of  heating  to  1533K,  holding 
at  this  temperature  for  8  hours,  forging,  and  then  air  cooling  to  ambient  temperature.  Table  1 
lists  the  chemical  conqxraition  of  the  alloy. 

The  as-received  alloy  exhibited  a  Widmanstatten  a2  +  j3/B2  microstiucture  with  grain 
boundary  Figure  1.  Ambient  temperature  x-ray  diffiaction  confrrmed  this  aj  +  |3/B2 
structure,  vrith  in  addition  a  small  quantity  of  the  orthortiombic  phase  O. 

Hcyawd  imiPCTafiffg  g<)mptss?iffia  waling 

Cylindrical  samples  (Lo=30.48mm,  Do=20.32mm,  L/D  ratio=1.5),  machined  parallel 
to  the  forging  axis,  were  utilized  to  examine  the  high  strain,  high  temperature  deformation 
behavior  of  Ti-26Al-10Nb-3V-lMo.  In  addition,  ring  samples  with  an  OD/ID/H  (outside 
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diametn,  inside  diameter,  and  height,  respectively)  ratio  of  6/3/2  were  deformed  to  evaluate 
fhctional  correction  factors  [20].  In  each  instance,  boron  nitride  was  used  as  the  lubricant  with 
HfC  dispersion  strengthened  Mo  (T  <  1373K)  or  SiC  (T  >  1373K)  compression  platens. 

Uniaxial  hot-compression  was  performed  in  high  purity  argon  environment  ( <  Ippb  Oj). 
Prior  to  testing,  a  vacuum  of  1  mPa  was  achieved  and  the  chamber  was  then  backfilled  to  a 
pressure  of  13.8  kPa  with  high  purity  gettered  ai^on  gas.  In  all  tests,  specimens  were  heated  at 
a  constant  heating  rate  of  20  K/min,  soaked  at  deformation  temperature  for  10  minutes  prior  to 
testing,  tests  being  conducted  at  temperatures  between  1073  and  1473K,  the  deformation 
temperature  being  monitored  within  ±  IK  by  two  type  C  thermocouples  spotwelded  to  the 
samqile.  Compression  testing  at  constant  true  strain  rates  between  10^  and  1  s  *  was  performed 
in  stroke  control,  the  constant  strain  rate  being  achieved  by  utilizing  an  exponential  decay  signal 
input.  Deformation  times  at  temperature  were  approximately  1 17  min. ,  1 1  min. ,  70  sec. ,  7  sec. , 
and  0.7  sec,  respectively. 

In  order  to  retain  the  in-situ  microstructure  after  deformation  for  subsequent 
microstructure  observations  the  samples  were  argon  gas-jet  cooled  immediately  following 
straining.  Undeformed  samples  were  also  prepared  in  the  same  system  by  heating  at  20K/min, 
soaking  for  »  2  hours  (soak  time  similar  to  the  longest  deformation  processing  time),  and 
cooling. 

Data  acquisition  involved  recording  load  and  stroke  vs.  time.  Corrections  of  the  flow 
stress-strain  data  for  fncdon  and  defotmation-headng  effects  were  performed,  details  of  both 
procedures  being  given  in  a  previous  publication  [21]. 

Microsttuctural  observations 

Metallographic  studies  were  performed  by  optical  microscopy  on  the  as-deformed 
sanq>les,  the  latter  being  sectioned  at  their  medium  section  parallel  to  the  compression  axis. 
Surftces  of  observation  were  polished  and  finally  etched  with  KroU’s  reagent  prior  to 
mkrostructural  observations  which  were  conducted  in  the  center  zone  of  the  sections. 

Results 

At  the  lowest  temperatures  examined,  1073-1273K,  the  uncorrected  flow  curves  exhibited 
strain  hardening  at  low  strains,  followed  by  a  maxima  and  flow  softening,  ultimately  achieving 
steady  state  flow.'  Following  correction  for  adiabatic  heating  this  flow  softening  was  eliminated 
at  the  highest  strain  rates,  i.e. ,  lO*'  and  1  s'',  the  isothermal  flow  stress  curves  exhibiting  strain 
hardening  at  high  strains.  Figure  2.  Finally,  with  increasii^  test  tenq)erature  and/or  decreasing 
strain  rate,  the  initial  strain  hardening  regime  was  eliminated,  flow  softening  commencing  upon 
yielding. 

As  the  /3  transus  (1407K)  [21]  was  approached  the  flow  curves  also  exhibited  an  initial 
flow  stress  drt^  followed  by  steady-state  behavior,  the  amplitude  of  the  yield  drop  decreasing 
with  increasing  temperature  and  decreasing  strain  rate.  A  more  complete  description  of  this 
idienomenon  will  be  presented  elsewhere  [22]. 


'  Samples  examined  at  1073-1 1 23 K/>  10'' s'*  and  1173K/>10''s''  failed  by  catastrophic  shear  during 
compression  and  therefore  lower  temperature  and  higher  strain  rate  conditions  were  not  considered  for 
further  testing. 


Figure  3  summarizes  the  dependence  of  the  flow  stress  of  Ti-26Al-10Nb-3V-lMo  upon 
temperature  and  strain  rate.  The  flow  stress  decreased  with  increasing  temperature,  with  the  rate 
of  change  of  flow  stress  with  temperature  decreasing  with  increasing  strain.  Comparison  of  the 
flow  stress  -  temperature  dependence  of  Ti-26Al-10Nb-3V-lMo  with  conventional  Ti-6-4  and 
Ti-6242  a+ff  alloys  [17-19]  and  with  another  a2+0  (Ti-25Al-llNb  [14])  alloy  demonstrates  a 
stronger  flow  stress  d^ndence  upon  temperanire,  e.g.  (dff/dT){a2+0}  =‘2.2(da/dT){a+0}  and 
at  1.7(do/(fr){a2+/3(Ti-25-ll)}  within  the  0,-100  and  0,-300  temperature  range. 

Discussion 

As  illustrated  by  Figure  2.  the  flow  stress-strain-temperature-strain  rate  behavior  of  Ti- 
26Al-10Nb-3V-lMo  is  con^lex.  Interpretation  of  this  flow  behavior  requires  a  detailed 
knowledge  of  the  microstructural  stability.  For  example  a  previous  study  [21]  has  shown  that 
isochronal  exposure  of  Ti-26Al-10Nb-3V-lMo,  with  an  initial  Widmanstatten  a2+0/B2 
microstnicture,  first  results  in  transformation  of  the  orthorhombic  O  phase  to  c^,  followed  by 
dissolution  of  the  ocj  phase,  and  subsequent  B2  disordering  below  the  0  transus  (1407K),  Table 
2.  Knowledge  of  this  microstructural  stability  can  be  coupled  with  dynamic  material  modeling 
(DMM)  to  select  optimal  deformation  conditions,  temperature  aixl  strain  rate,  for  high 
tonperatute  processing  of  Ti-26Al-10Nb-3V-lMo. 

In  this  approach,  the  strain  rate  sensitivity,  m,  is  considered  to  be  a  critical  parameter 
function  of  tenqierature  and  strain  rate.  Figure  4.  High  m  values  were  observed  within  two 
temperature/strain  rate  regions,  at  1398K  and  10^s'\  and  at  1423  K  and  1  s'‘,  where  the  alloy 
is  primarily  0  and  conq>letely  0,  req)ectively.  These  high  m  values  may  be  associated  with 
grain  boundary  sliding  or  more  gennaUy  with  grain  boundary  associated  deformation  [11]  at 
these  high  temperatures  where  deformation  is  controlled  by  the  0  phase.  Indeed,  the  presence 
of  a  yield  drop,  which  is  related  to  initiation  of  plastic  flow  at/within  the  grain  boundary  region, 
in  this  teiiq)erature  range  siqjports  this  suggestion  [221.  Maximum  m  values  representative  of 
stqierplasticity  (m  >  0.5)  were  also  obser^  in  the  present  study  at  1273K  and  lO^s  ',  Figure 
4.  Tto  regime  coincides  with  a  previous  study  by  Yai^{  et  al.  [23]  who  reported  that  Ti-25A1- 
10Nb-3V-lMo  is  superplastic  (m  »  0.6)  at  low  strain  rates  (5xlO’’-l.Sxl0^s'')  and  intermediate 
temperatures  (1223-1283K),  a  maximum  eloi^ation  of  570  pet.  being  reported  at  1253K  and 
1.5xl0^s-‘. 

Application  of  the  DMM  mechanistic  stabili^  criteria,  0  <  m  <  1  and  6m/61oge  <  0, 
to  the  hi^  tonperature  deformation  of  Ti-26Al-10Nb-3V-lMo  at  three  differem  strains  (0.05, 
0.35,  and  0.65)  is  shown  in  Figure  5  where  unstable  flow  regions  are  shown  as  grey-shaded 
ateas.^  Unstable  deformation  at  low  strain  (0.05)  based  on  these  criteria  is  observed  at  low 
temperature,  T  <  1273K,  and  low  strain  rate,  <  K^V*.  As  the  deformation  strain  increases, 
this  unstable  region  ultimately  expands  to  higher  tenq)etatutes.  In  «Idition,  unstiU)le  flow  is 
observed  at  high  temperatures  (T  >  1323K)  at  both  high  (>  10^*s'‘)  and  low  ( <  lO'^s  ')  strain 
rales,  the  extent  of  th^  unstable  zones  increasing  with  increasing  strain.  Finally,  at  high  strain 
(0.65)  an  additional  instability  appears  in  the  low  temperature  /  high  strain  rate  regiuM. 


^  According  to  Footnote  1,  samples  examined  at  the  lowest  temperatures  and  highest  strain  rates  are 
included  within  the  unstable  region  at  the  highest  strain  (0.6S),  as  illustrated  by  the  addition  of  dashed 
lines  in  the  following  processing  maps. 
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Additional  DMM  deliberations  involve  consideration  of  the  entropy  factor,  s,  as  defined 
by  Equation  (7).  This  factor,  calculated  from  the  computation  of  the  slope  of  the  Log  (a)  vs. 
1000/T  plots  in  Figure  6,  distinguishes  three  regions  at  low,  intermediate,  and  near/above  the 
0  tranais  tenqieratures.  These  three  regions  are  associated  with  the  O+oj+ZS.  ^2+13,  and  0 
phase  fields,  respectively. 

Figure  7  aimmarizes  the  application  of  the  DMM  "thermodynamic"  stability  criteria,  s 
>  1  and  ds/dloge  <  0,  to  the  high  temperature  behavior  of  Ti-26Al-10Nb-3V-lMo  at  three 
different  strains  (0.05,  0.35,  and  0.65).  High  s  values  are  observed  at  low  strain  rates  and 
intemediate  temperatures.  While  this  maximum  location  is  independent  of  strain,  the  absolute 
value  of  s  increases  with  increasing  strain.  Three  distinct  regions  based  on  these  criteria  were 
observed  at  low  strain  (0.05)  within  the  (i)  low  temperature  and  low  strain  rate,  (ii)  high 
temperature  and  low  strain  rate,  and  (iii)  high  temperature  and  high  strain  rate  regimes.  As 
strain  increases  (0.35  and  0.65),  both  tte  low  temperature/low  strain  rate  and  high 
tenqieratute/high  strain  rate  instabilities  disai^iear  while  the  high  temperatures/low  strain  rates 
region  is  shifted  to  higher  rates.  A  new  region  of  instability  is  observed  at  low  temperature/high 
rates  at  high  strain  (0.65). 

In  order  to  assist  in  defining  operative  microstructural  mechanisms  in  high  temperature 
deformation,  values  of  activation  energy  for  Ti-26Al-10Nb-3V-lMo  were  calculated  by  assuming 
the  general  power  law  fuiKtional  relationship; 

7  -  Ao"exp|-^j 

where  A  is  a  microstructure-dependent  constant,  n  the  stress  dependence  of  the  strain  rate,  R  is 
the  gas  constant,  and  (^  is  the  ai^)arent  activation  energy.  Computations  of  (^  were  performed 
at  low  strain,  e  »  0.05,  in  order  to  minimize  microstructural  changes  induced  by  deformation. 
The  results  of  these  computations  could  discern  three  regin^,  i.e.  a  warm  working  ( <  1 123K), 
a  hot  working  (>  1123K  -  0  transus),  and  a  /3-woridng  (near-above  0  transus)  regime,  as 
previously  endorsed  by  [15]  in  cast  Ti-24Al-llNb.  Values  of  the  activation  anergies  were  < 
700  kJ/mol,  700-900  kJ/mol,  and  <  5(X)  kJ/mol,  respectively,  for  the  three  aforementioned 
regimes,  comparable  with  [15].  However  tl»  absence  of  primary  ae2  colonies  in  the  Ti-26A1- 
10Nb-3V-lMo  alloy  resulted  in  lower  activation  energies  in  tte  intermediate  hot  working 
taiq)aature  range  (1173-1423K)  as  coiiq)ared  to  Ti-24Al-llNb  [15],  plastic  flow  in  this  region 
ai^Nuently  being  associated  with  the  deformation  characteristics  of  the  02  phase. 

A^rding  to  the  DMM  theory  [10,11],  stable  processing  windows  predicted  by  DMM 
criteria  should  be  located  within  "stable"  Q  regimes,  i.e.,  wl^re  a  plateau  of  values  exists 
over  the  teiiq)erature/strain  rate  range  considered.  The  DMM  maps  shown  in  Figure  8  combines 
bodi  mechanistic  and  thermodynamic  criteria  at  each  of  the  three  selected  strains  with  activation 
energy  values  of  Ti-26Al-10Nb-3V-lMo,  where  the  optimal  strain  rate  and  temperature  regimes 
for  ”stid>le”  flow  are  specified  at  each  strain.  Inde^  Q,  values  for  Ti-26Al-10Nb-3V-lMo, 
Figure  8,  do  not  exhibit  large  variations  throughout  the  stable  temperature/strain  rate  regime 
examined.  Stable  conditions  according  to  DMM  criteria  exist  within  temperatures  ranging  from 
1173  to  1378  K  at  strain  rates  between  10'^  and  10*’  s  ’,  and  above  the  0  transus  at  strain  rates 
betwMn  10*^  and  10'’s,  both  regions  exhibiting  "stable"  (^  behavior. 

Verification  of  the  utility  of  the  DMM  approach  also  requires  microstrucmral  information 
in  order  to  correlate  DMM  predictions  with  high  strain  deformation  characteristics.  These 
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microstnictural  features  are  summarized  in  Figure  9  where  observed  deformation  mechanisms 
are  indicated  for  each  stable/unstable  region. 

During  low  temperature  deformation  in  the  a2+0  phase  field  at  high  strain  rates  and  low 
temperatures,  extensive  macroscopic  flow  localization  accompanied  by  cracking  was  observed. 
Figure  10  ^  with  shear  band  fracture  developing  at  high  strains  (0.65).  Catastrophic  shear 
faihire  was  observed  at  the  lowest  temperature  and  highest  strain  rate  conditions  investigated. 
Microscopic  kinking  and/or  breakage  of  the  fine  Widmanstatten  02  platelets.  Figure  1 1 ,  was  also 
observed  with  the  unstable  low  temperature  /  high  strain  rate  regime. 

Unstable  flow  in  tlM  high  temperature  regions,  T  >  1323  K,  was  ascribed  to  non- 
uniform  deformation  within  the  predominantly  0  microstructure  [22].  At  high  rates,  >  10'‘s'', 
where  strain  is  localized  at  0  grain  boundaries,  relaxation  may  eventually  be  achieved  by 
dynamic  recrystallization  or  by  grain  boundary  cracking,  Figure  12.  At  lower  rates,  <  lO'^s  ', 
serrated  grain  boundaries  resulting  from  repeated  steps  of  grain  boundary  sliding  and  migration 
ate  observed.  Figure  13.  These  microstnictural  observations  reinforce  the  importance  of  grain 
boundary-controlled  deformation  at  these  temperahires,  where  high  m  values  and  the  presence 
of  yield  stress  drops  [22]  were  observed  at  low  strains.  At  low  strain  rates,  long  time  exposure 
corresponding  to  these  low  rates  results  in  dynamic  grain  growth,  an  unstable  mechanism  in  this 
regime. 

Microstructural  features  of  the  two  stable  regions.  Figure  9,  were  also  evaluated  in  order 
to  correlate  stable  flow  with  related  microstrucmral  evolutions.  Microstructural  observations  of 
undeformed  ^lecimens  in  the  same  conditiom  were  also  conducted.  Above  the  /3-transus,  as  it 
is  suggested  by  microstructural  observation  of  recrystallized  grains  in  samples  deformed  in  the 
j3-phase  field  and  also  by  the  presence  of  oscillations  in  the  stress-strain  curves  associated  with 
this  regime,  stable  flow  is  to  be  related  to  dynamic  reciystallization.  Below  the  0  transus,  stable 
flow  is  associated  with  microstructural  changes  of  the  platelet-like  ckj  phase.  Comparison  of 
microstructural  observations  for  undeformed  and  deformed  specimens,  Figure  14  and  15 
respectively,  indicate  that  this  stable  flow  region  in  Ti-26Al-10Nb-3V-lMo  is  associated  with 
dynamic  ^heroidization  of  the  Widmanstatten  02  platelets. 


The  strain-stress  behavior  of  Ti-26Al-10Nb-3V-lMo  is  similar  to  those  previously 
presented  for  Ti-25Al-llNb  [14],  implying  that  these  variations  of  flow  behavior  with 
tenq)erature  and  strain  rate  are  characteristic  of  Ti3Al-(Nb,V,Mo)  alloys.  Schematically,  this 
behavior  can  be  described  by  a  progression  from  continuous  strain  hardening,  to  flow  so^ning 
with  strain  hardening  at  high  strains,  to  flow  softening  followed  by  steady-state,  to  flow 
softening  upon  yielding,  to  continuous  steady-state  flow,  and  finally,  to  the  observation  of  a  yield 
point,  as  temperature  increases  and/or  strain  rate  decreases.  Figure  16. 

The  present  results  of  activation  energy  computations  are  similar  to  those  reported  for 
studies  in  cast  Ti-24Al-llNb  [15]  and  forged  Ti-25Al-llNb  [14],  Table  3.  Comparable  Q, 
values  were  observed  in  the  warm  working  regime  ( <  700  kJ/mol)  as  well  as  in  the  /3-working 
regime  (<  500  kJ/moI)  for  the  three  compositions.  However,  the  absence  of  primary  etj 
colonies  in  tte  Ti-26Al-10Nb-3V-lMo  alloy  appears  to  be  responsible  for  the  lower  activation 


^  The  non-symmetric  deformation  was  not  associated  with  a  developing  temperature  gradient  [24] 
across  the  samples  as  the  temperature  difference  between  top  and  bottom  was  only  4K. 
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energies  in  the  intermediate  hot  working  temperature  range  (1173-1423K),  where  plastic  flow 
in  this  region  is  apparently  defined  by  the  morphology  and  deformation  characteristics  of  the  aj 
phase.  ( 

DMM  predictions  for  the  TisAl-base  aluminides  are  also  comparable.  Tables  4  and  5 
parallel  our  previous  results  for  Ti-25Al-llNb  [14]  with  the  present  Ti-26Al-10Nb-3V-lMo 
instability  results  for  each  "mechanistic"  and  "tlMrmodynamic"  criteria.  Warm  working 
temperatures  in  this  table  are  described  by  those  temperatures  where  the  microstructure  is  a 
stable  +  small  volume  fraction  of  0,  and  hot  working  temperatures  are  those  where  the 
microstructute  is  unstable  cr2  +  0,  i-e.  where  the  ocj  phase  transforms.  It  is  interesting  to  note 
that  the  singular  difference  between  the  two  alloys  results  from  their  respective  grain  bouixlary 
constitution,  grain  boundary  precipitates  being  only  present  in  Ti-26Al-10Nb-3V-lMo. 

Indeed,  higher  alloying  additions  i^uces  higher  solute  concentration  at  grain  boundaries,  which 
are  responsible  for  unstable  flow  at  high  strain  rates  in  the  0-phase  temperature  range  [22].  The 
influence  of  grain  boundary  precipitates  is  also  illustrated  at  intermediate  temperatures  where 
they  induce  grain  boundary  cracking  due  to  the  characteristics  of  the  02  phase  lining  this 
boundaries  which  is  not  present  in  Ti-25Al-llNb.  Finally  these  observations  may  be  generalized 
to  02+0  aluminides,  wtere  unstable  flow  is  a  result  of  (i)  macro-flow  localization  and  (ii)  02- 
kinking  at  low  ten^eratures  and/or  high  strain  rates,  (iii)  grain  boundaries  flow  localization 
associated  with  0-pbase  deformation  (yield  point)  and  (iv)  djmamic  grain  coarsenii^  at  high 
ten^wratures  and  slow  strain  rates.  Additionally,  the  presence  of  the  orthorhombic  phase  in 
Ti3Al-(Nb,V,Mo)  may  contribute  to  unstable  flow  as  it  is  suggested  that  this  instability  is  related 
to  transformations  involving  this  orthortiombic  phase,  which  occurs  during  long  term 
defomtation/aging  [25]. 

Stable  conditions  for  Ti-26Al-10Nb-3V-lMo  can  also  be  correlated  with  Ti-25Al-llNb 
results  where  the  principal  stable  deformation  mechanism  in  the  latter  is  dynamic  ^heroidization 
of  primary  012  colonies.  In  Ti-26Al-10Nb-3V-lMo,  dynamic  spheroidization  is  also  predominant 
but  involves  spheroidization  of  Widmanstatten  oti  platelets.  Stable  flow  in  a2+0  T^Al- 
aluminides  may  therefore  be  generalized  to  be  associa^  with  (i)  dynamic  spheroidization  of  the 
02  microconstituentCs),  being  present  in  the  microstructure  as  primary  colonies  (Ti-24/25Al- 
llNb)  or  Wkfananstitten  platelets  (Ti-26Al-10Nb-3V-lMo),  and  (ii)  dynamic  recrystallization 
in  the  0-phase  range. 


Conclusions 

Analysis  of  the  mechanical  behavior  of  Widmanstatten  ai+0fBl  Ti-26Al-10Nb-3V-lMo 
has  confirmed  that  dynamic  material  modeling  (DMM)  can  be  utilized  to  establish  the  flow 
stress-strain  rate-temperature-strain  criteria  for  stable  flow. 

The  corrected  true  stress-true  plastic  strain  behavior  of  this  alloy  at  low  temperatures  and 
hi^  strain  rates  was  characterized  by  strain  hardening  followed  by  flow  softening.  As  the  test 
ten^)erature  increased  and/or  the  strain  rate  decreased,  the  extent  of  this  strain  hardening  regime 
decreased.  Ultimately  initial  yielding  was  immediately  followed  by  flow  softening  with  steady 
state  flow  conditions  being  observed  at  higher  strains. 

Unstable  regions  predicted  by  DMM  were  microstructurally  related  to  kinking  of  the  aj 
platelets  and  shear  band  formation  within  the  a2+ 0-phase  deformation  zone,  while  related  to 
flow  localization  at  grain  boundaries  and  dynamic  grain  growth  in  the  0-phase  deformation 
region.  Stable  flow  regimes  as  predicted  by  DMM  were  shown  to  be  associated  with  dynamic 
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spheroidization  and  coarsening  of  the  platelet-like  Widmanstatten  oti  in  the  02+ /3-phase 
deformation  field,  and  to  dynamic  recrystallization  in  the  |3-phase  deformation  field. 

"^ical  elevated  temperature  plastic  flow  behavior  of  (aj+iS)  Ti3Ai-base  aluminides  has 
been  defki^  where  instabilities  are  generally  associated  with  macro/micro  flow  localization  due 
to  the  characteristics  of  the  a2  microconstituentfs)  in  the  a2+/3~phase  range,  grain  boundary  flow 
localization  and  dynamic  grain  coarsening  in  the  i3-phase  field;  stable  regimes  are  representative 
of  dynamic  spheroidization  of  the  0(2  microconstituent(s)  in  the  a2+/3-phase  regime  and  dynamic 
reciystallization  when  the  alloy  is  0. 
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Table  1.  Chemical  cmnposition  of  Ti-26Al-10Nb-3V-lMo. 


Ti 

A1 

Nb 

V 

Mo 

0 

c 

Fe 

at.% 

bal. 

25.79 

10.26 

3.09 

1.04 

0.23 

0.11 

0.07 

wt.% 

bal. 

14.60 

20.00 

3.30 

2.10 

mm 

0.027 

0.08 

Table  2.  Phase  transformations  of  Ti-26Al-10Nb-3V-lMo  [19]. 


Teiiq)eratute  ( K) 

Phases  . 

*<1023 

Widmanstiltten{03/B2X+a2^}  +  0 

*1023-  1222 

Widmanst§tten{03/B2X +a2^} 

1222  -  1355 

Widmanstatten{(j3/B2X + (a2-*a)®} 
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Table  3.  ComiMuisoii  of  estimated  activation  energies  of  oi2+0  titanium  aluminides. 


High-Temperature 
Deformation  Domain 

Ti-26Al-10Nb-3V-lMo 

(forged) 

Ti-25Al-llNb 
(forged)  [16] 

Ti-24AI-llNb 
(cast)  [15] 

Warm  Working 
(<1123K) 

<  700 

<  700 

<  815 

Hot  Working 
(below  jS  transus) 

700-900 

1100 

1080 

/3-Working 
(near-above 
/3  transus) 

<  500 

<  500 

00 
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Table  4.  Comparison  of  instability  deformation  mechanisms  between  Ti-26Al-10Nb-3V-lMo 
and  Ti-25Al-llNb,  when  considering  "mechanistic*  stability  criteria. 


High-Temperature 
Deformation  Domain 

Ti-26Al-10Nb.3V-lMo 

(forged) 

Ti-25Al-llNb 
(forged)  [14] 

Warm  working 

Low  strain  rate 

flow  localization, 
kinking  of  oii  platelets 

flow  localization, 
kinking  of  012  lamellae 

Warm  working 

High  strain  rate 

shear  band, 

grain  bcHindary  cracking 

shear  band 

Hot  woiidng 

Low  strain  rate 

grain  boundary 
flow  localization, 
dynamic  grain  coarsening 

grain  boundary 
flow  localization, 
dynamic  grain  coarsening 

Hot  workii^ 
high  strain  rate 

grain  boundary 
microcracking 

stable 

(yield  drop  at  low  strains) 

Table  5.  Comparison  of  instability  deformation  mechanisms  between  Ti-26Al-10Nb-3V-lMo 
and  Ti>2SAl>llNb,  when  considering  "thermodynamic"  stability  criteria. 


High-Temperature 
Def(»ntation  Domain 

Ti-26Al-10Nb-3V-lMo 

(forged) 

Ti-25Al-llNb  I 

(forged)  [14] 

Warm  working 

Low  strain  rate 

flow  localization, 
unstable  morphology 
of  oi  platelets 

flow  localization, 
unstable  morphology 
of  012  platelets 

Hot  working 

Low  strain  rate 

grain  boundary  sliding, 
dynamic  grain  coarsening 

grain  boundary  sliding, 
dynamic  grain  coarsening 

Hot  woridn^ 
high  strain  rate 

grain  boundary 
flow  localization 

stable 

(yield  drop  at  low  strains) 

Figuie  1.  Optical  micrograph  of  Ti-26Al-10Nb-3V-lMo  microstnictiire  in  the  as-forged 
cooditioii,  exhibiting  Widmanstitten  oe2^+(/?/B2X  [S]  and  grain  boundary  a2^  [GB]. 
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Figure  5.  Strain  rate  sensitivity  factor,  m,  as  a  function  of  temperature  and  strain  rate  at 
strains  of  (a)  0.05,  (b)  0.35,  (c)  0.65.  The  shaded  areas  are  unstable  zones  as  defined  by 
mechanistic  stability  criteria. 
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Figure  5.  Continued. 
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Figure  5.  Continued. 
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Figure  7.  Entropy  parameter,  s,  as  a  function  of  temperature  and  strain  rate  at  strains  of  (a) 
0.05,  (b)  0.35,  (c)  0.65.  The  shaded  areas  are  unstable  zones  as  defined  by  "thermodynamic 
stability  criteria. 


1073 


1573 


1173  1 273 

Temperature  (K) 


Figure  7.  Continued. 


Temperature  (K) 


Figure  7.  Continued. 
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Figure  8.  Ti-26Al-10Nb-3V-lMo  DMM  stability  maps  as  a  function  of  temperature  and 
strain  rate  at  strains  of  (a)  0.05,  (b)  0.35,  (c)  0.65.  TTie  shaded  areas  are  unstable  zones  as 
defined  by  all  four  stability  criteria.  Q,  values  (kJ.mol  ')  contour  lines  are  plotted  as 
background. 
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Figure  8.  Continued. 
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Figure  8.  Continued. 
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Figute  9.  DMM  stability  maps  after  merging  all  four  criteria  at  three  different  strains  with 
0,  values  (kJ.mol  ’)  contmu-  lines  plotted  as  baikground;  Ti-26Al-10Nb-3V-lMo. 
Deformation  mechanisms  are  indicated  for  each  stable/unstable  region. 
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I^uie  10.  Optical  microstnictiire  of  tbe  as-deformed  (F  =  0.65)  Ti-26Al-10Nb-3V-lMo 
sample  at  constant  true  strain  rate  of  IQ-'s*'  and  test  temperature  of  1173  K  showing  shear 
band  fonnatkm. 
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Figure  11.  Optical  mictostnicture  of  the  as-deformed  (e  -  0.6S)  Ti-26Al-10Nb-3V-lMo 
saiqpie  at  ctmstant  tnie  strain  rate  of  lO'V'  and  test  tenq)erature  of  1173  K  showing 
khddQg/micro-flow  localization  (arrows). 
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Figure  12.  Oi^kal  microstnicture  of  the  as-deformed  (e  =  0.65)  Ti-26Al-10Nb-3V-lMo 
sanqde  at  constant  true  strain  rate  of  1  s*'  and  test  tenq>erature  of  1473  K.  The  black  arrows 
indicate  reoystallized  grains;  the  white  arrows  indicate  grain  boundary  cracking. 
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Fignie  13.  Optical  microstriictiiie  of  die  as-d^oimed  (e  ^  o.6S)  Ti-26Al-10Nb-3V-lMo 
Mmqiie  at  ctnutant  true  strain  rate  of  lO^s**  and  test  tenqierature  of  1348  K. 
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Figuxe  15.  Optical  microstnictures  of  the  as-defonned  (c  =  0.65)  Ti-26Al-10Nb-3V-lMo 
BMiipte  at  1348  K  at  coostant  true  strain  rate  of  10'V‘. 
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Figure  16.  Illustration  of  the  flow  behavior  of  T^Al-fNb.V.Mo)  alloys  with  increasing 
temperature  and  decreasing  strain  rate;  (a)  continuous  strain  hardening,  (b)  flow  softening 
followed  by  strain  hardening,  (c)  flow  softening  followed  by  steady  state,  (d)  flow  softening 
upon  yielding,  (e)  continuous  steady-state  flow,  and  (f)  yield  point  phenomenon. 


